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ABSTRACT

The intermetallic NiA1, by virtue of its high melting point, relatively low density

(compared to the Ni-base superalloys) and excellent high temperature oxidation resistance,

exhibits excellent potential as a structural material for application in air-breathing and

single-stage-to-orbit engines. Unfortunately, like most intermetallics, NiA1 is brittle at

ambient temperatures. This brittleness has been partly attributed to the lack of five

independent slip systems as required by von Mises criterion for uniform, volume

conserving deformation since the opeartive <100> slip offers only three independent slip

systems. Isostructural FeA1, however, deforms by <111> slip at room temperature which

provides five independent slip systems. Thus, it was decided to macroalloy NiAI with Fe

to promote <111> slip therby possibly improving the ductility. An alternative approach

was multi-phase alloys based on NiA1. The results indicated that up to 6% tensile

elongation combined with high yield strength (-800 MPa) could be obtained for an alloy

Ni-30at.%A1-20at.%Fe with an essentially ordered b.c.c microstructure. These results

compare favorably with those of stoichiometric (Ni-50at.%Al) where 2% tensile elongation

and -250 MPa yield stength is observed. Interestingly, like Ni-50A1, this alloy also

deforms by <100> slip at room temperature. The multi-phase alloy approach proved even

more successful with ductilities of-20%, yield strength of 760-850 MPa (depending upon

heat treatment) and high fracture strength (1200-1400 MPa) being observed for an alloy Ni-

20at.%A1-30at.%Fe. The room temperature and elevated temperature microstructure,

mechanical properties and deformation behavior of the multi-phase alloy Ni-20A1-30Fe

and alloys similar to its constituent phases has been examined here. The high room

temperature ductility of the multi-phase alloy was attributed to deformation transfer across

interphase boundaries and the crack stopping action of the constituent 7/3' phase. At

elevated temperatures, it was observed that while the constituent 7/"/' phase became

increasingly brittle with increasing temperatures, the 13'phase became more ductile. Thus,



themulti-phasealloy did not exhibit anyelevatedtemperatureembrittlement. Similarly,

while the J3'phasebecameweak at high temperatures,the 3'/Y phaseexhibited better

strengthretentionleadingto theimprovedelebvatedtemperaturestrengthof themulti-phase

alloy. Thus, the multi-phasealloy benefitsfrom both its constituentphases,with each

phasealleviating thedisadvantagesassociatedwith theotherphaseoverany temperature

range. The multi-phasealloy approachis suggestedasa possibleapporachto designing

intermetallic-basedalloys.
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CHAPTER 1

INTRODUCTION

1.1 GENERAL BACKGROUND

In early 1987, the US Office of Science and Technology (OST) established goals

for subsonic, supersonic and transatmospheric flight vehicles[l]. With the aim of

maintaining the dominant position of the US in the expanding international market for civil

aviation, OST envisions an entirely new generation of civil aircraft for subsonic flights,

noteworthy for fuel efficiency and attractive price. On the other hand, the goals for

supersonic flight call for long distance efficiency, i.e. vehicles that will cruise for

thousands of miles at supersonic speeds. Such aircraft will link the US directly with the

farthest of the pacific rim countries, and expand the ability of military aircraft to be widely

based and, thus, carry out missions over greater distances. The OST goal for

transatmospheric flight vehicles calls for aircraft that can take off from and land on

conventional runways, and fly not only in the upper atmosphere but also in space. The

National Aerospace Plane (NASP), a program for the development of manned, single-

stage-to-orbit transfer, transatmospheric flight vehicles, can also be envisioned for military

and commercial missions.

The first of such transatmospheric flight vehicles, the experimental X-30, is

scheduled for tryout in the mid-90's. After take off, it will gradually accelerate as it shifts

through three increasingly powerful air-breathing engines like a race car changing gears.

As it approaches top speed, with a last kick from a booster rocket, it will sprint past 24,000

kmph and soar out of atmosphere into orbit around the earth[2]. These goals place

formidable demands on engine and airframe materials. Although current designs for NASP

call for active cooling with the hydrogen fuel, thereby improving the thrust-to-weight ratio,

meeting performance and weight requirements will necessitate the use of many non-



traditionalmaterialslike orderedalloys(e.g.titaniumaluminidesor nickel aluminides)and

metalmatrixandceramicmatrixcompositesetc.[1,3].

CURRENTENGINE MATERIALS

An indication of what materialstechnologyhasalreadyachievedin improving

aerospacevehiclescanbeseenin its applicationtojet engines.Overthelast threedecades,

thethrustdeliveredby abigjet enginehasincreasedalmostsixfold, to thecurrent-33000

Newtons [1]. At the same time, the weight of the engine has only doubled. The thrust -to-

weight ratio for the next generation engines is expected to be 10:1, and may approach 15:1

by the end of the century. Current jet engines use nickel-base superalloys in the hot

sections (turbine and combustor) and nickel-base alloys, steels, and titanium alloys (e.g.

Ti-6A1-4V) in the cooler parts of the engine (compressor). A typical propulsion system

consists of 38% (by weight) nickel, 28% steel, 22% titanium, and 8% aluminum, along

with small amounts of composites[l]. Superalloys incorporate large fractions of heavy

elements like tungsten, molybdenum etc. in their composition and are designed for

application in the most demanding part of the engine i.e. the turbine blades and vanes,

which are exposed to very high temperatures and stresses. As performance requirements

have increased, the microstructures of superalloys have evolved from equiaxed,

polycrystalline forms to columnar grains produced by directional solidification, which

eliminate boundaries transverse to the stress axis and enhance creep resistance, to single-

crystals where grain boundaries are completely eliminated[4]. Currently, single-crystal

superalloys are used extensively in jet engines.

Figure 1 shows the engine temperatures of various jet engines [1]. The NASP is

likely to employ a Scramjet for its final stage [2], thereby placing severe demands on

materials technology. Current requirements demand use of materials under constant and

cyclic stresses at temperatures up to 1150°C in highly oxidizing environments. Even the

2



bestsingle-crystalsuperalloys,however,requirethermal-barrierprotection in the highly

oxidizing environmentof the jet engines[4]. Furthermore,nickel-basesuperalloysare

limited by their meltingtemperatures(currentapplicationslike high bypassenginesuse

superaUoysverycloseto theirmeltingpoints).Thus,advancedenginerequirementswould

beimpossibleto meetwith thecurrentsuperalloys.And finally, thesuperalloyshavehigh

density. The continuing emphasis on higher thrust-to-weight ratio necessitates

developmentsof enginematerialswith higher specific strength(i.e. strengthto density

ratio).

WORLD WAR I
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1930'S AIR-COOLED

FAN-JET

TURBOJET

SCRAM JET

I

ENGINE TEMPERATURES

300 ° E
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TEMPERATURE (DEGREES FAHRENHEIT)
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Figure 1. The operating engine temperatures for various jet engines [ 1].



FUTUREENGINEMATERIALS

Materialsdemands for the newer engines, with their emphasis on higher operating

temperatures and improved thrust-to-weight ratio, are unlikely to be met by the superalloys

for reasons mentioned above. Increasing the pressure ratio inside engines to 70:1 and rotor

inlet temperature to 1500°C would result in almost 25% fuel savings [5]. New research,

with the goal of developing materials lighter than superalloys and capable of withstanding

higher operating temperatures, is underway. Several engine manufacturers are involved in

materials development programs. Ordered alloys (primarily aluminides), refractory metal

alloys and composites hold promise for operating temperatures up to 1500°C. It is

estimated that by the year 2000, a typical propulsion system would consist of about 20%

each of composites, steel, nickel and aluminum, 15% titanium, 2% ordered alloys and 1%

ceramics[l].

1.2 THE PRESENT STUDY

The intermetallic NiA1 is a potential candidate as a structural material for the next

generation of advanced aircraft engines because of its high melting point (1638°C [6] ),

oxidation resistance [7] and low density (5.9 Mg/m 3 ). Two problems exist which

compromise its potential. First, the high temperature strength of NiA1 is poor; viz. the

yield strength of the intermetallic decreases sharply beyond -500°C [8]. Second, like most

strongly-ordered alloys, polycrystalline NiA1 exhibits brittleness at low temperatures

(<500°C) [9]. While the former problem may be overcome by reinforcing NiAl-based

alloys by some suitable continuous ceramic fibers, the attendant difference in coefficients of

thermal expansion between a metal matrix and a ceramic fiber would require a matrix

capable of some ambient temperature ductility. The ambient temperature brittleness of NiA1

4



wouldprobablyprecludethe useof NiAl-basedmatricesin metalmatrix / ceramic fiber

composites.

The purpose of the present investigation is to attempt to alleviate, based on scientific

principles, the ambient temperature brittle behavior of NiA1 and examine ductile NiAl-based

alloys which could be suitable as a matrix for Intermetallic Matrix Composites (IMCs).

1.3 APPROACHES TO IMPROVING THE DUCTILITY OF NiAI

The fundamental problem of room temperature brittleness of NiAI is attributed to its

<100> slip vector [10], which provides only three independent slip systems [11] instead of

the five deformation modes required for uniform, volume conserving deformation [12].

(Note that the <111> slip vector commonly observed in b.c.c alloys provides five

independent slip systems [11]). Of the several possible approaches to alleviating the

ambient brittleness of NiA1, a few with greatest promise are discussed in this section.

Grain Size Refinement

Schulson [13] proposed to improve the ductility of NiA1 through grain size

refinement, where below a critical grain size dc, the stress to nucleate cracks (of the order

of grain size) was less than the stress to propagate them. And indeed, Schulson and Barker

[14] found that at 400°C and for grain sizes less than 201.tm, up to 40% elongation could be

obtained for Ni-49 at.% A1. Unfortunately, the critical grain size dc decreases rapidly with

decreasing temperature so that at 295°C dc was measured to be -5_tm [15]. At room

temperature, the dc is expected to be even lower. Such grain sizes are difficult to obtain

through conventional processing routes. Furthermore, the very fine grained microstructure

may not be stable at the service temperatures. Although a fine dispersion could be added to

prevent grain size coarsening, it could decrease dc further since the critical grain size has

been hypothesized to be sensitive to impurity content [13]. Also, the creep resistance of

5



suchfine-grainedpolycrystallineaggregateis expectedto bepoor.Severalinvestigators,

however,havenotedareversedependenceof creeppropertiesongrain sizefor NiA1. For

example,Whittenberger[16] reportedthat fine grainedalloys (grain sizebelow 15t.tm)

weremorecreep resistant than coarse grained alloys.

Fin¢ particle A_tditions

In addition to stabilising fine grains, fine dispersoids may homogenize slip (that is

reduce the planarity of slip) and reduce local stress concentrations thereby delaying crack

nucleation. Seybolt [17] added fine oxide dispersions of A1203, Y203 and ThO2 to NiA1

and whilst improved creep rupture properties resulted, the low temperature ductility

problem was exacerbated. Note that, besides ThO2 which was dispersed on a scale

comparable to a modern dispersion strengthened alloy, the remaining additives were

dispersed as coarse particles (-0.51.tm). Although, one could argue, that the

homogenization of slip will be affected by the particle size and arrangment and that

appropriate thermo-mechanical processing could help produce a more uniformly dispersed

microstructure, this approach appears to have little promise for NiA1 since the fundamental

problem of the lack of five independent slip systems cannot be changed through dispersoid

additions.

Microalloving

Small additions of boron (-500 ppm) to nickel-rich Ni3A1 can increase the room

temperature elongation from 0 to 50% [ 18]. Ni3A1 has the five independent slip systems

required for general plastic flow [19] but suffers from intrinsic grain boundary brittleness.

Boron microadditions segregate to the grain boundaries and help in alleviating the

brittleness. Microalloying with boron has been tried for NiA1 [15] without any success.

Although, like Ni3A1, boron segregated to the grain boundaries, no improvement in

ductility was observed, presumably because the fundamental problem of an inadequate

6



numberof slip systemsremainedunchanged. However, this approachstill deserves

limitedfurtherexamination.

Second Phase/Fiber Additions

Instead of trying to improve ductility, an alternative approach would be to improve

the toughness of NiA1. Discontinuous fibers of A1203 and SiC could be added to NiA1 to

suppress crack propagation. Alternately, a second phase may be added to increase fracture

toughness. The investigations by Russell and Edington [20] and Moskovic [21] in binary

(Ni-A1) and ternary (Ni-A1-Cr) multi-phase alloys respectively indicated that addition of

second phase precipitates to the microstructure to form in-situ composites holds promise

for improving the room temperature mechanical properties like damage tolerance and

ductility.

Based on the previous work, the addition of a second phase to NiA1 seems worthy

of examination.

 acmallmaag

In general, macroalloying can be used to change the crystal structure or to produce a

second phase. Liu and Inouye [22] used macroalloying to change the crystal structure of

Co3V from DO19 (ordered hexagonal based on two L12 (ordered f.c.c) unit cells) to the

higher symmetry L12-structured (Co,Fe)3V, which was ductile. The space group of NiAI

is Pm3m which is a highly symmetric structure. Macroalloying to produce a second phase

is likely to improve ductility, as discussed earlier.

An alternate macroalloying approach would be the addition of a third element which

will make bonding more metallic and thus promote <111> slip, thereby providing five

independent slip systems. Since B2-structured iron-rich FeA1 deforms by <111> slip at

low temperature [23,24], iron additions to NiA1 may promote <111> slip. Additionally,

iron-rich FeA1 is ductile [24,25]. It should be noted that <111> slip has been reported by



Law andBlackbum[26] for nickel-richNiA1,macroalloyedwith transitionmetals(-5 at.%

Cr or Mn).

1.4 PROPOSED APPROACHES

Based on previous work which showed some promise, the approaches selected for

this study are:

i) macroalloying NiA1 with iron to make the bonding more metallic and promote <111 > slip

at low temperatures

ii) additional phases added to NiA1 to improve the ductility / toughness.

iii) furthermore, the two approaches may be combined i.e. iron added to NiA1 may promote

<111> slip and also form a multi-phase microstructure.

iv) microalloying the multi-phase alloys with boron since any improvement in ductility in

either/both phases may result in improved ductility for the aggregate.

Multi-phase Microstructur_

Russell and Edington [20] first reported improved ductility / toughness of off-

stoichiometric NiAI with the addition of a L12-structured second phase. The microstructure

and mechanical behavior will be described in Chapter 2. The binary NiAI-Ni3A1 system

was also examined by Khadkikar et a1.[27] who reported limited (--0.5%) tensile elongation

for Ni-29 at.%A1 after suitable heat treatment. Similarly, Moskovic [21] reported a ten-fold

increase in room temperature fracture toughness in Ni-30at.%A1-7at.%Cr after suitable heat

treatment. The most encouraging results, however, were due to Inoue et a1.[28] who

reported -600 MPa yield strength and 17% elongation for rapidly solidified Ni-20at.%A1-

30at.%Fe wires made by an 'in-rotating-water' rapid solidification technique. The tensile

tested wires exhibited dimple fracture. The microstructure of the melt-spun ribbons

consisted of both B2 and L12 grains of 0.2l.tm size (a duplex microstructure). The ductility



was attributed to three factors: grain size refinement, suppressionof ordering and

suppressionof grain boundarysegregation.No experimentalevidencewasproducedin

supportof the latter two suggestions,althoughin a separatestudy[29], a high densityof

anti-phaseboundaries(APBs)werereportedin rapidly solidified Ni-Fe-A1alloys of L12

crystalstructurebut different compositions.The deformationmodesfor theconstituent

phaseswere not examinedfor this alloy, thus the reasonsbehindthe large elongation

obtainedwerenotclear.

MacroaUoying

It should be noted that Inoue et a1.[28] also reported that melt-spun wires of B2-

structured Ni-30at.%A1-20at.%Fe of 4pm grain size exhibited 5% plastic strain, a yield

strength of 400 MPa and a mixture of dimple and intergranular fracture, when deformed in

tension at room temperature. Again, the ductility was attributed to three factors: grain size

refinement (although unalloyed NiA1 of 4_m grain size is not ductile at room temperature

[ 15]), suppression of ordering and suppression of grain boundary segregation, although no

experimental evidence was produced in support of the latter two suggestions. Also, since

the deformation modes were not examined for this alloy, a further possibility was that the

B2 phase exhibited <111> slip.

Furukawa et al.[30] have recently demonstrated a remarkable improvement in

tensile elongation resulting from microalloying additions. The alloy Ni-27at.%A1-

14at.%Fe, which is located in the multi-phase field at room temperature (see fig. 2.3b),

exhibited a B2 + martensite microstructure when processed through a rapid solidification

route, and exhibited a 2.8% tensile elongation and 394 MPa fracture stress in the undoped

state. However, when microalloyed with boron, an almost sixfold improvement in

ductility was possible. The fracture stress and elongation were observed to be sensitive to
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the level of boron doping, increasing up to 1100 MPa and 18% elongation for 0.17at.%

boron, and then decreasing to 880 MPa and 9.5% elongation for 0.45at.% boron. The

tensile fracture surface of the boron-doped alloy showed dimple fracture in contrast to the

intergranular fracture for the conventionally solidified Ni-27A1-14Fe. Thus, boron doping

may prove a viable option for improving ductility for NiAl-based multi-phase alloys.

Thus, the Ni-Fe-A1 B2 and multi-phase alloys warrant further examination.

Particularly relevant is whether they would exhibit ductility when processed through more

conventional processing routes.

1.5 ALLOY COMPOSITIONS CHOSEN FOR INVESTIGATION

Based on the approaches outlined above, seven alloy compositions (all

compositions in atomic percent) were chosen for investigation, the choice of alloys will be

descibed in detail in the next chapter (see section 2.4). Three of these alloys, Ni-30A1-

20Fe, Ni-40A1-30Fe and Ni-50A1-25Fe were from the B2 single phase field in the room

temperature section of the Ni-Fe-A1 phase diagram, while the two multiphase alloys, Ni-

20A1-30Fe and Ni-36A1 were examined in both boron-doped and an undoped state.
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CHAPTER 2

LITERATURE SURVEY

2.1 This chapter reviews the Ni-A1 phase diagram, the previous studies on room

temperature mechanical and deformation behavior of nickel aluminides, the various

possible approaches to the ductility problem, and discusses the motivation behind the

approach chosen for this study. The literature for Ni-Fe-A1 alloys is reviewed and the

choice of compositions chosen for investigation is discussed.

2.2 Properties of Nickel Aluminides

2.2.1 Ni-A1 Phase Diagram

Figure 2.1 shows the Ni-A1 phase diagram due to Singleton et al.[6]. The phase

NiA1, which has an ordered bcc (B2) crystal structure of CsC1 type, exists over a wide

range of compositions. At 400°C, the phase field extends from 41.5 at.% AI to 55 at.% AI.

At higher temperatures, the solid solubility range increases, varying from 58 at.% A1 at

1133°C where the reaction NiA1 + L = Ni2A13 occurs, to 30.8 at.% A1 at the peritectic

temperature of 1395°C where the reaction NiA1 + L = Ni3A1 occurs. The stoichiometric

composition Ni-50A1 melts congruently at 1638°C; the solidus and liquidus temperature

decreases with deviations on either side of stoichiometry. The high melting temperature

(higher than both its constituent elements) is indicative of the strongly ordered nature of

NiA1.

The B2 crystal structure is shown in figure 2.2. It consists of two interpenetrating

simple cubic lattices (i.e. two atoms per unit b.c.c cell) with Ni and A1 atoms occupying

one lattice site each. Deviations from stoichiometry lead to non-symmetrical defect

structures[31,32]. On the Ni-rich side, excess Ni atoms sit on the A1 sub-lattice.

However, the Al-rich compositions are accommodated by vacancies on the Ni sub-lattice,

indicating a higher bond energy for A1-A1 bonds than Ni-A1 bonds (which are preferred in
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orderedlattices)or Ni-Ni bonds.Furthermore,in aluminum-richNiA1thevacanciesmay

beordered[33]. In additionto singleconstitutionaldefects,triple defectsconsistingof two

vacanciesononesub-latticeandanti-siteatomontheothersub-lattice,havebeensuggested

[33-35] to exist evenin somestoichiometricB2 compoundsin order to explain the low

formation energiesof vacanciesand their high concentrationsat elevatedtemperatures

[36,37]. For example,in isostructuralFeA1at 800°C,thethermalvacancyconcentrationis

forty timesgreaterthana typical metal at its meltingtemperature,andin aluminum-rich

compositions,constitutionalvacanciesoccupyup to 10%of the latticesites,mostlyon the

Fe sub-lattice[38,39]. Theseconstitutionaldefectsdecreasethedegreeof longrangeorder

(LRO). Ordering,however,is maintainedup to thesolidustemperaturesin NiA1[40].
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Figure2.2 Theordered-bcc(B2)crystalstructure.

A tetragonaltwinnedmartensiteof L10crystalstructure(CuAutype)canbeformed

by quenchingNi-rich NiA1from 1200°C[41]. Thestoichiometriccomposition,however,

hasnotbeenobservedto transformmartensitically[42]. RosenandGoebel[43] reported

martensiticmicrostructuresfor 13'NiA1 with lessthan37% A1,quenchedfrom 1000°C.

Similarly, Maxwell andGrala [44] reporteda martensiticreactionfor a Ni-31.5A1alloy.

Ball producedstress-inducedmartensitein Ni-43A1[45]. Enamiet a1.[46]determinedthe

structure of matrensite in Ni-36.8A1 consistedof {111}<112> twins. Smialek and

Hehemann[45] notedthatlargedeviationsfrom stoichiometry(-10%) areneededbefore

the martensiteformation begins; the Ms temperatureincreaseswith increasingnickel

content. Ball [45] rationalizedtherole of non-stoichiometryin producingmartensitein

NiA1 in termsof phasestability andresistanceto shear.Sincedeviationson theNi-rich

side of stoichiometry led to a decreasein electron/atomratio from the value of 1.5 at

stoichiometry,thephasestability of NiA1decreaseswith respectto martensiteformation.

Furthermore,increasingNi-rich compositionsleadto decreasingLRO which reducesthe

resistanceto shearfor martensitictransformations.
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In contrastto the wide phasefield of B2 NiAI, the L12-structuredinterrnetallic

Ni3A1,existsover a relatively narrow rangeof composition. Figure 2.1 showsthat the

Ni3A1 phase field spans the composition range 25%A1-26.5%A1at 400°C. The

stoichiometriccompositionisstableup to theperitectictemperatureof 1395°C.

The two-phaseregion betweenNiAI and Ni3AI (fig. 2.1) hasnot beenstudied

extensively.Recently,anewphaseNi5A13hasbeenidentifiedin this two-phaseregionby

Enami andNenno [48] throughtransmissionelectronmicroscopy. The single (NisA13)

phasefield extendsfrom 32%A1to 36%A1at 400°C, with the phasestability region

decreasingwith increasingtemperaturesupto 700°C[49],abovewhichNi5AI3is unstable.

Above700°C,thephasespresentin this two-phaseregionconsistof Ni-rich NiA1 andA1-

rich Ni3A1. Thewidth of thetwo-phasefield decreaseswith increasingtemperatureup to

theperitectictemperatureof 1395°C,wherethereactionNi3A1= NiA1+ L occurs.

The microstructuresresultingfrom variousheattreatmentsin this two-phasefield

hasbeeninvestigatedby Russell andEdington [20], Khadkikaret al [27] andLocci et

al.[50]. For Ni-36AI, solution-treatedat 1150°Cfor 2 hrs,quenchedinto afluidized bedat

430°C for 2 min. (to avoid complicationsin the ageingprocessfrom a residualdefect

densityarisingfrom themartensitictransformation),andup-quenchedto 875°C,theageing

temperature, and aged up to 120 hrs, Russell and Edington [20] reported that the

microstructureconsistedof Ni3A1needles,ll.tm in diameterand20l.tmlong,in a matrixof

NiA1. The NiA1 grainboundarieswere alsolined with the Ni3A1phase. Khadkikaret

a1.[27]studiedtwo compositionsin the two-phasefield, Ni-29A1and Ni-35A1. At the

homogenizing temperature of 1250°C, the former alloy consists of a two-phase

microstructure,NiA1+ Ni3A1,while thelatteralloytransformscompletelyto Ni-rich NiAI:

quenchingfrom the homogenizationtemperaturetransformsthe Ni-rich alloy into a 3R

martensite.Upon ageingat 850°C,themartensiteis transformedback into Ni-rich NiA1.

Ageing at 600°C producesthe Ni5A13phasein the microstructure,with the Ni-29A1

transformingintoNi5A13+ Ni3A1,while theNi-35A1transformsinto NiAI + Ni5A13.The
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observedmicrostructuresare consistentwith the phasediagram shown in figure 2.1.

Recently,Locci et al.[50] havereportedtheeffectsof heattreatmenton Ni-37A1. For the

alloy quenchedfrom 1250°C,a microstructureconsistingof NiAl+martensitewasfound.

Long time ageing(30days)of thequenchedmicrostructureat550°Cresultedin complete

transformationof thematrixto theorthorhombicNi5A13,with tracesof NiA1beingdetected

only by x-ray analysis. Long time annealingat 650°Cresultedin similar microstructure,

althoughthe NiA1x-ray peakswereeasierto detect. Very complexmicrostructureswere

reportedfor shorterageingtimes. For example,ageingfor 12hrs at 550°Cresultedin

Ni2A1 precipitates in a 7R martensite matrix, along with needle-like plates which

correspondedto new variantsof 3R martensite. In addition, -250 nm precipitateswere

observed,whichwereidentifiedbymicrodiffractionto beNi5A13.

2.2.2 Mechanical Behavior of Nickel Aluminides

NiA____2

Rozner and Wasilewski [51] first reported limited room temperature tensile ductility

(-2.5% elongation) for polycrystalline, near-stoichiometric NiA1, processed through a

casting and extrusion route, although the grain size and chemical analysis results were not

reported. In the studied temperature range of-196 to 1100°C the tensile ductility was

observed to be essentially constant from room temperature to ~400°C. The results are in

sharp contrast to those reported by Grala [52], where no elongation was observed below

600°C. The room temperature ductility was recently reproduced by Hahn and Vedula [53],

who reported the grain size to be 11-161.tm and the wet chemical analysis results as Ni-

50.3A1. Ball and Smallman [54] studied the mechanical behavior of cast, polycrystalline

stoichiometric and off-stoichiometric NiA1 in compression in the temperature range 200-

1000°C. For both the stoichiometric and off-stoichiometric alloys (Ni-rich as well as A1-

rich), a brittle-to-ductile transition behavior was noted at a homologous temperature of
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N0.45Tm.At the lowesttesttemperature(200°C),thestoichiometricalloyexhibitedhigher

strain to fracturethaneitheroff-stoichiometricalloy. By contrast,PascoeandNewey[9]

reportedsignificantlyhigherroomtemperaturecompressiveductility in polycrystalline,Ni-

rich alloy of similar compositionas Ball and Smallman [54], but processedthrougha

castingandhotextrusionroute. ThefracturemodewasnotedbyPascoeandNewey[9] to

be generally intergranular for fine grained polycrystals (-501.tmgrain size), with an

increasedtendencyfor transgranularcleavagewith increasinggrain size. Singlecrystals

wereobservedto fail by cleavageon {110} planes.

The yield strengthof nominally stoichiometricNiA1 was notedby Roznerand

Wasilewski [51]to beessentiallyindependentof temperatureup to 600°C,beyondwhich

the strengthwasmarkedly dependentupon temperature. Pascoeand Newey [9] have

shown the yield strength (actually the 0.2% proof stress)of NiA1 to be sensitive to

composition; at 327°C, the yield strengthwas observedto have a minimum for the

stoichiometricalloy,increasingwith increasingdeviationsfrom stoichiometry,with therate

of increasebeinghigheron theAl-rich sidethan theNi-rich side. Thevariationof yield

strengthwith temperaturefor off-stoichiometric (both Ni-rich and Al-rich) alloys was

similar to the stoichiometricalloy, althoughthe 'critical temperature'beyondwhich the

strengthdecreasedsharplywashighestfor thestoichiometricalloy (600°C).

The usual slip systemfor NiA1 was identified to be {110}<100> by Ball and

Smallman[10]. Wasilewski,Butler andHanlon[55] haveobservedtheoperationof both

{ 110}<100> and {100}<100> slip systemsin single crystal NiA1. Uniform, volume

conservingdeformationrequiresthe operationof at leastfive independentdeformation

modes[12], often referredto asvon Misescriterion for polycrystallinedeformation. A

<100> slip vector, by contrast,providesonly three independentslip systems[11, 56],

regardlessof thenumberof planeson whichslipoccurs.Thus,thebrittlebehaviorof NiA1

(in tension)hasoften beenascribedto thelack of sufficient slip systemsto satisfyvon

Mises criterion. Additional slip systemscan be activatedat higher stresslevels. For
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example,PascoeandNewey[9] haveobservedtheoperationof <111>slip in NiAI single

crystalscompressedin the<100>direction,oftenreferredto asthe 'hard'orientationsince

the resolvedshearstressfor <100> slip is zero. While the activationof the <111> slip

vectorwouldcertainly alleviatetheproblemof lackof sufficientnumberof slip systems

[11,12],suchanactivationprior to fractureinitiation andpropagationis unlikely dueto the

random grain arrangement (lack of a <100> wire-texture along strain axis) in

polycrystalline samples.The observedductility in compressionmay beascribedto the

delayedfractureinitiation andpropagationundercompressivestresses.

N__A1

In contrast to NiA1, the L12-structured intermetallic Ni3A1 exhibits tensile ductility

in single crystal form[57]. Polycrystals of stoichiometric, Ni-rich and Al-rich

compositions are, however, brittle and fail by intergranular fracture[58-60]. The slip

systems of Ni3A1 have been determined to be {111 }<110>[61,19], which provides five

independent slip systems for deformation[11]. Thus, unlike NiA1, the brittleness of the

stoichiometric alloy is unrelated to any lack of sufficient number of independent slip

systems. Rather, Ni3A1 suffers from intrinsic grain boundary weakness. The beneficial

effect of boron additions on the mechanical behavior of Ni3A1 was first reported by Aoki

and Izumi [18]. The tensile ductility of the stoichiometric alloy was improved from zero to

N35% elongation by the addition of a few hundred ppm of boron, and the fracture mode

changed from intergranular to a mixture of intergranular and transgranular fracture. The

effectiveness of boron additions was confirmed by Koch et a1.[62] who further optimized

the boron concentration for good ductility. Liu et a1.[59] further determined that boron was

an effective ductilizer only in Ni-rich alloys; the ductility decreased steadily as the A1

concentration of boron-doped alloys was increased from 24%A1 to 25%A1. The fracture

mode became increasingly intergranular with increased A1 content, such that at 25%A1, the
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fracturemodefor the boron-dopedalloy wasmostly intergranular. It shouldbenoted,

however, that even the stoichiometricalloy benefittedfrom boron doping[60]. Boron

doping is, however, ineffective for Al-rich alloys[59]. Boron helps in alleviating the

intrinsic grain boundary brittlenessby segregatingto grain boundaries;quenchingof

boron-dopedNi-24A1 reducesductility, presumablydue to insufficient segregationof

boron to the grain boundaries[63]. The segregationas measuredby the B/Ni ratio,

decreasedwith increasingA1content,while theA1/Niratio increased.By contrast,Briant

andTaub[64] havenotedthat whenprocessedthrougharapidsolidificationroute,boron-

dopedNi3A1attainshighambienttemperatureductility in additionto increasedstrength,the

latter presumablybeing a result of boron solid solution strengthening.Bakeret a1.[65]

havesuggestedthatgrainboundariesfor Ni-rich alloysarepartiallydisordereddueto the

co-segregationof Ni andB, while for Al-rich compositions,longrangeorderis restoredat

thegrainboundaries,thusthealloy becomesbrittle.

Therearetwo theoriesregardingtherole of boronat grain boundaries:(a) boron

simplyincreasesthecohesivestrengthof theboundary[59];(b)boroneasesslip transmittal

acrossthe boundaryby disorderingthe boundary[66]. The latter suggestionwasbased

uponexperimentalresultswhich indicatethatboronreducestheeffectivenessof grainsize

strengtheningin stoichiometricNi3A1(a reducedslopefor yield strengthvs. grain size

measurements),presumably due to reduced barrier to slip transmittal acrossgrain

boundaries. Interestingly, a reduceddependenceof yield strengthon grain size is also

observedfor boron-dopedNi-rich Ni3A1 but not for boron-dopedAl-rich Ni3A1 [67].

Sincethe Ni-rich andstoichiometricalloy exhibit improvedductility with borondoping,

while the Al-rich alloy is unaffected,theseresultsdo indicatea correlationbetweenthe

reducedyield strengthvs.grainsizeslopein boron-dopedalloysandductility. MacKenzie

and Sass[68] presentedthefirst direct experimentalevidenceof a thin disorderedgrain

boundaryfilm in borondopedalloysusinghighresolutionelectronmicroscopy.Similarly,

Bakeret al. [69], usingconvergentbeamdiffraction,havealsoreportedtheobservationof
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a -20nm thick disorderedgrain boundaryphasein alloysproducedby hot-extrusionof

rapidly solidified powders. A similar hypothesisof a disorderedphasealong grain

boundariescausingenhancedductility hasbeenput forward by Horton andMiller [70]

basedon field ion microscopeobservationsof rapidly-solidifiedNi3A1.

Theductility of Ni3A1is alsoreportedto besensitiveto grainsize,testtemperature

andatmosphere.Weihset al.[60] notedthat,while theundopedstoichiometricalloy did

not showany increasedroomtemperatureductility with decreasedgrain size,theboron-

dopedalloy exhibitedincreasedductility,within thescatterof data,whenthegrainsizewas

reducedbelow -20_tm. At elevatedtemperatures,increasedductility was attainedby

reducingthegrain sizeto belowacritical level. For example,at 750°C,theelongationof

theundopedalloy increasedfrom <1%for grain sizesof 40_tmor moreto over40% for a

2.9_tmgrainsize. Similar trendswereobservedfor theboron-dopedalloy. By contrast,

TakeyamaandLiu [71] havereportedthat the ductility wasgrain size independentfor

boron-dopedNi-rich Ni3A1up to 760°C;at highertemperatures,theductility wasobserved

to increasewith decreasinggrainsize. BothWeihsetal.[60] andTakeyamaet al.[71]have

notedatrendof decreasingductility with increasingtesttemperaturesfor similargrain-sized

specimens.In bothcases,thefracturebehaviorof fine grainedspecimenschangedfrom

dimpletypeatroomtemperatureto increasinglyintergranularat highertemperatures[71].

Theductility minimumis muchreducedin severity( andlessintergranularcrackingoccurs)

whentestsarecardedout in vacuum. For example,for analloy containing0.5%Hf and

0.07%B,theductility at760°Cincreasedsteadilyastheair pressurewasdecreasedfrom 1

to 10-8 torr [72]. The embrittlement in oxygen-bearingenvironments at elevated

temperaturesappearsto bedueto the adsorptionof oxygenat grain boundaries,thereby

lowering cohesion. By contrast,evencube-orientedsinglecrystalsof Ni3(AI,Ti), when

testedoverarangeof temperatures,exhibitedsharplydecreasedductility from about15%

at roomtemperatureto-1% at 827°C,thepeakflow stresstemperature(seebelow)[57],
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suggestingthat the embrittlement at elevated temperatures could be an intrinsic behavior of

the lattice.

Ni3A1 along with some other L12-structured intermetallics like Ni3Ge, Zr3A1,

Co3Ti etc., exhibit anomalous yield strength behavior, where the yield strength increases

with increasing temperature up to about 650°C [73]. The dislocations in L12 alloys are

paired (Burgers' vector a/2<110>) with an anti-phase boundary (APB) between them. The

anomalous yield behavior is postulated to arise from the anisotropy of APB energy and the

lack of mObility of superlattice screw dislocations (which governs the plastic deformation

behavior of Ni3A1) on {100} planes [74]. The splitting of the screw dislocation is

energetically more favorable on the {100} planes [75] due to the lower APB energy. These

superlattice dislocations are, however, sessile because the cores of the partials spread

outside the plane of the APB. The higher energy superlattice dislocation on { 111 } plane is,

by contrast, glissile with the core being confined to the slip plane. The cross-slip from

{ 111 } to { 100} planes requires the partials to be coalesced first into a single dislocation,

hence, at low temperature, deformation is on {111 }. At higher temperatures, however,

such cross slip becomes possible due to thermal activation, leading to dislocation

immobilization (Kear Wilsdorf mechanism); the sessile dislocations act as obstacles giving

rise to increased flow stresses. The decrease in yield strength beyond the peak temperature

(-700°C) is associated with the onset of cube slip where both partials glide on { 100}

planes[76].

The peak flow stress temperature is influenced by grain size for both the

stoichiometric[60] and Ni-rich composition[71]. For the stoichiometric alloy, Weihs et

al.[60] have reported that the peak temperature is shifted to lower temperatures for smaller

grain sizes and the magnitude of anomalous hardening is reduced. In fact, the finest grain

sized alloy (-31.tm) did not exhibit any anomalous strengthening. At temperatures in excess

of a critical temperature (-627°C in their data), the coarser grain-sized alloys were stronger.

Furthermore, for similar grain sizes, boron-doped alloys exhibited higher flow stresses
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than the undopedalloy. TakeyamaandLiu [71] haveconcludedthat a similar type of

behavioroccursfor the boron-dopedNi-rich alloy; thepeakflow stressfor similar grain

size (-851.tm)boron-dopedNi-rich alloy was approximately similar to the undoped

stoichiometricalloy [60].

NiA1 + Ni._A1

Russell and Edington [20] first reported the mechanical behavior of the cast and

homogenized, two-phase NiAI+Ni3A1 alloy, Ni-36A1, aged at 875°C for 1, 3 and 24 hrs

(the microstructures have been discussed earlier). Room temperature compression tests

showed a smooth transition from elastic to plastic behavior. The 0.2% flow stress was

measured at 705 MPa for an one hour ageing time and 765MPa for 3 and 24 hrs ageing

times. Fracture strains >8% (in compression) were obtained in all cases. Room

temperature impact values of 0.14-0.28 m.kgf were obtained (using cast and extruded

alloys), which was significantly higher than the 0,012 m.kgf value reported for

stoichiometric NiA1, the most ductile composition. Alloys of composition (Ni-38A1)

similar to the matrix (NiA1) of heat treated Ni-36A1, were also tested after similar ageing

treatment. The 'matrix' alloy exhibited <1% strain to fracture over the temperature range 0-

600°C, although -15% strain was recorded at 700°C. The improved room temperature

compressive ductility and impact strength of the two-phase alloy were attributed to the

presence of Ni3A1 precipitates, which were thought to inhibit the nucleation and

propagation of microcracks.

An added benefit of two-phase alloys was the improved high temperature strength.

Ni-36A1, aged at 875°C for 1 hr, when tested in the temperature range 0-700°C, exhibited

essentially a temperature independent 0.2% flow stress of 700MPa[20].

Khadkikar et a1.[27] have also studied the mechanical properties of two

compositions in this two-phase region, Ni-29A1 and Ni-35A1 (with small additions of Hf-

0.9% and B-0.1%). The alloys were processed through a powder extrusion route. The
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microstructuresresultingfrom variousheattreatmentshavealreadybeendiscussedabove.

Both the as-extrudedalloys failed in a brittle mannerin tension. However, Ni-29A1,

homogenized at 1250°C and either water quenched (phases in microstructure:

Ni3Al+martensite)or annealedat 850°Cfor 24hrs(phasespresent:Ni3AI+NiA1),exhibited

deviationsfrom purely elasticbehaviorundertensileloading. By contrast,Ni-35A1was

reportedto betoobrittle to befabricatedinto tensilespecimens.

Moskovic[21] reportedanalmostten-fold increasein room temperaturefracture

toughnessof a ternary two-phasealloy, Ni-30A1-7Cr, over single phaseNiA1. The

fracture toughnessof singlephasematerialwas6 MPa_/m,which was increasedto 50

MPa_/mfollowing heat treatment to producea stabledispersionof rod-shapedNi3A1

precipitatesin aNiA1matrix.

2.3 Ni-Fe-AI Alloys Literature Survey:

2.3.1 Ni-Fe-A1 Phase Diagrams

The pioneering investigation of the ternary Ni-Fe-A1 system is due to K6ster[77]

who explained the relationship of the face-centred cubic and body-centred cubic phase

fields. This was followed by x-ray investigations of the ternary system by Bradley and

Taylor [78] who proposed a complete phase diagram, which provided a rapid survey of the

distribution of solid phases at low temperatures, then unknown. The elevated temperature

isotherms were subsequently proposed by Bradley [79, 80] based on his microscopical

studies into the ternary system. The phase diagram literature has recently been reviewed by

Rivlin and Raynor [81].

Figure 2.3a shows the liquidus and solidus projections of the ternary system [78],

constructed between 1600°C and 1350°C, at intervals of 50°C, the solidus and liquidus

being represented by solid and dashed lines respectively. The two liquidus surfaces

intersect at a univariant line which extends from the A1-Ni eutectic (L = I_' + Y) at 1385°C
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to theFe-Ni peritectic(L + 5Fe= YFe)at 1513°C.From 1385°Cto thepoint U1 (1380°C),

thereactionis A1-Ni eutecticreaction. At U1, thereactionis L + 7' = TNi+ 13'.FromU1

to lower temperatures,the univariant peritectic reaction is L + TNi = 13',i.e. the two

liquidussurfacesin thisrangedefinetheprimarycrystallizationof'_i and13',respectively

[81]. Thisagainis terminatedby asecondinvariantpointU2 (at 1350°Cwherethereaction

is L + 13= YNi+ 13',13'and13beingorderedanddisorderedbcc),locatedby Bradley[79] at

Ni-6.4A1-71.4Fe(wt.%). Accordingto Bradley[79], thereis a minimumat 1340°Cin the

liquidusandsolidus,locatedin the"fNi + 13' region at approximately Ni-3A1-53Fe (wt.%).

Solid phases in the iron-rich corner have been examined extensively by Bradley

[79, 80] and Kiuti [82-84] and are generally in agreement, specially with regard to the

development of 13'+13miscibility gap. However, while Bradley used anneals of up to nine

weeks at 750°C, Kiuti's anneals were only 1 hr, hence the adopted isotherms [81] are

based on work of Bradley [79, 80] and Bradley and Taylor [78]. Figure 2.3b is an

isotherm based on x-ray investigations by Bradley and Taylor [78] of powders (from

lumps which were homogenized at 1300°C) annealed at 900°C and cooled at 10°C per hour

in vacuo to room temperature. At compositions up to 50 at.% A1, the solid phases involve

only two cubic structures, fcc and bcc, and their ordered derivatives. The ordered-fcc

phases Ni3Fe (o_') and Ni3A1 (_'), in spite of being isomorphous, do not form a continuous

solid solution, unlike the ordered-bcc structures FeA1 and NiA1 which are mutually soluble,

presumably due to the low disordering temperature and sluggish ordering kinetics of the

Ni3Fe phase. The two-phase area 13+13' constitutes a miscibility gap of ordered and

disordered bcc structures identified by the investigations of both Kiuti [84] and Bradley and

Taylor [78].

Figures 2.3c-i show sothermal sections from 1350°C to 750°C at 100°C intervals as

reported by Bradley [79, 80]. At 1350°C (fig. 2.3c), a narrow YFe+13 region connects the

Fe-A1 system with the invariant point (YFe+13+13'+L), from where the YNi+13' region

extends to the three-phase triangle YNi+Y'+13 '. The three-phase region borders two two-
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phase regions, 3"+13' and ]t'+)tNi. The YNi+_' phase field is wider at 1250°C (fig. 2.3d)

than at 1350°C. Also, the TFe+I3 and TNi+13 ' phase fields are shifted towards higher

aluminum contents. The ]tNi+"Y'phase field is shifted towards the Ni side and the TNi+I3'

field widens on both sides. The three-phase triangle TNi+Y'+IY is still very narrow. The

main difference, however, is the appearance of another three-phase traingle _e+[3+13 ' and a

two-phase region 1_+13'from the YFe+_ region near the Fe comer.

At 1150°C (fig. 2.3e), there is further widening of all the miscibility gaps, with the

YNi+'/phase field widening out in the direction of Fe-Ni, in confirmity with the extension

of the _/' phase field itself towards the Fe-Ni side. The three-phase )'Ni+Y'+[_' triangle

widens out as does the YFe+[_+13' phase field.

Ni

o\ o

4O

2O

1510'

Fe
IO 20 30 40 SO bO 70 80 90 AI

ALUMINIUM, ATOMIC %

Figure 2.3a Solidus and liquidus projections of Ni-Fe-A1 alloys between 1600°C and

1350°C at 50°C intervals [after 78].
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ATOMIC %

Figure 2.3b Solid phases at room temperature based on x-ray investigations of Bradley

and Taylor [78] using powder annealed at 900°C and cooled at 10°C per hour. Seven tie-

lines, as suggested by Bradley and Taylor [78], are shown in the [3'+?' multi-phase field.

The subscripts m and n, respectively, represent magnetic and non-magnetic [3' alloys. The

dashed (---) lines represent superlattice boundaries while the chain-dashed line (-.-.-)

represents magnetic boundary. Note that the Ni-rich end of this phase diagram is

considerably from the Ni-rich end in the 400°C isotherm in fig. 2.3j. The symbols ('), (A)

and (*) represent the alloy compositions Ni-30A1-20Fe, Ni-20A1-30Fe and Ni-12A1-40Fe

respectively on the isotherms (figs. 2.3b-j).
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Figure 2.3 c-d Isothermal sections of Ni-Fe-Al system: (c) 1350°C (d) 1250°C.
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Figure 2.3 e-f Isothermal sections of Ni-Fe-Al system: (e) 1150°C (f) 1050°C.
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Figure 2.3 i-j Isothermal sections of Ni-Fe-AI system: (i) 750°C (j) 400°C.
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Many of the tendencies shown in the 1150°C isotherm are carried over to the

1050°C isotherm (fig. 2.3f); a further widening of the miscibility gaps is found at all

points. The "/Ni+3/ region widens on both sides; the _'+[5' widens only on the A1 side.

The _/' region becomes more stable, and continues to encroach upon the 2'Ni+_ phase field,

carrying with it the widening of the '¢Ni+_,'+13 ' phase field. The _/Fe+13 phase field is

widened and displaced towards the Fe-Ni side. The 3tFe+13+13' triangle however, is

displaced without being widened. The two-phase [5+13'phase field is still small, similar to

1150°C isotherm.

At 950°C (fig. 2.3g), the widening of the phase fields continue with the 13'phases

extending towards the A1 comer and the YNi region falling back towards the Fe-Ni edge of

the isotherm. The enlarged TNi+_/' region gives rise to an enlarged three-phase region

3rNi+3_'+13', while the 13+13' region begins to expand rapidly (mainly in a direction

perpendicular to NiA1), thereby leading to the establishment of a significant three-phase

field TFe+13+13 '. The TFe phase boundary falls back towards poorer A1 levels leading to an

expansion of the two-phase yFe+13 phase field.

Isotherms at the lower temperatures of 850°C (fi_. 2.3h) and 750°C (fig. 2.3i)

exhibit similar trends as observed in the 950°C isotherm The two-phase 13+[5' field

expands in all directions, but mainly perpendicular to NiA1. The second significant change

is the extension of the two-phase 3Ni+_/' phase field towards the Fe-Ni edge and the Fe

corner of the phase diagram, the extension being quite dramatic at 750°C. The extensions

of the two-phase [5+[5' and TNi+_ ¢ phase fields lead to significantly expanded three-phase

fields TFe+13+13 ' and 'YNi+'y'+[5 '. The 13' compositions of the two-phase and three-phase

fields are pushed towards higher A1 levels with decreasing temperature.

Figure 2.3j is an isothermal section at 400°C of the Ni-Fe-A1 ternary system as

reported by Sauthoff [85]. The two-phase [5+[5' miscibility gap has narrowed in all

directions compared to the 750°C isotherm, indicating that the miscibility gap is most stable
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only in an intermediatetemperaturerange(around750°C). By contrast,the three-phase

TFe+_+I3' phasefield haswidenedconsiderably.

2.3.2 Lattice Spacing Constants and Defect Structures

Lipson andTaylor [86] reportedcontoursof constantlatticespacingin theternary

Ni-Fe-A1 systemwherea maximumin spacingat stoichiometricNiA1 wasobservedto

extendinto the ternarysystem(seefigure 2.4), but to a decreasingextent asthe FeA1

compositionswereapproached.Densitymeasurementson theAl-deficient side(<50at.%)

suggested2 atomsperunit cell while thoseonandtheAl-rich side(> 50at.%)suggested

0 ; ,, -

. ! /

_- ,o/ - _ _ .y///l__

.._\o / I_ / bu" ]"/I//11

,'/ /Oo
-/ .-;-- .,3/g-
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At,olnie % AI

Figure 2.4 Contours of constant lattice spacing (only last three decimal places shown) in

Ni-Fe-A1 system (from Lipson and Taylor [86]).
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lessthan2 atomsperunit cell. Theresultssuggestedvacancieson the Al-rich side and

anti-site defectstructureson the Al-deficient side,similar to binary Ni-rich NiA1 alloys

[34,35]. The omissionof atomson the Al-rich sideof stoichiometryandthe attendant

decreasein latticespacingindicatethe importanceof atomicsizefactor;sinceA1atomsare

largerthanNi or Fe atoms,theomissionof atomsmayresultfrom theinability to squeeze

in abiggerA1atomin placeof asmallerNi orFeatom.

2.3.3 Mechanical Behavior of Ni-Fe-A1 alloys

Prior to this investigation, there had been few studies on the mechanical behavior of

Ni-Fe-A1 13' or _/'-based alloys.

I)' Alloys

Inoue et a1.[28] studied the room temperature tensile behavior of wires of three 13'

alloys, Ni-25A1-30Fe, Ni-30A1-20Fe and Ni-30A1-30Fe, processed through an 'in-

rotating-water' melt-spinning technique. The mechanical properties of Ni-30A1-20Fe (4ktm

grain size) have been discussed earlier (yield strength of 400 MPa and -5% plastic strain,

mixture of dimple and intergranular fracture; see section 1.4 "Macroalloying"). Both Ni-

25A1-30Fe and Ni-30A1-30Fe exhibited a 2ktm grain size, a high yield strength ( -650 MPa

and 750 MPa, respectively), and low plastic elongation (0.2%). The observed fracture

mode was a mix of intergranular and transgranular cleavage fracture. The strong

modulated contrast observed for 13'(Ni,Fe)(Fe,AI) alloys was suggested to be related to the

phase separation of 13' alloys into NiAl-rich and Fe-rich phases (although no experimental

evidence was presented), which in turn was suggested to be responsible for the decreasing

room temperature ductility with increasing A1 or Fe levels.

Investigations into the elevated temperature mechanical behavior of Ni-Fe-A1 13'

alloys were limited to compressive creep tests and 0.2% proof stress measurements by

Rudy and Sauthoff [87, 88]. The alloy of composition Ni-50AI-10Fe exhibited a higher
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flow stressthanstoichiometricNiA1 over the range of test temperatures (RT-1000°C),

presumably due to solid solution hardening by Fe on the Ni-sub-lattice. Also, at

temperatures lower than 600°C, significant increases in proof stress was observed for A1-

deficient alloys like Ni-40A1-10Fe. However, at temperatures in excess of 700°C, the A1-

deficient alloys were weaker than the stoichiometric (50 at.% A1) alloys.

Investigations into creep behavior of Ni-Fe-A1 13'alloys [88] indicated that Fe-rich

stoichiometric 13' alloys (e.g Fe-50A1-10Ni) exhibited worse creep resistance than Ni-rich

13' alloys (e.g. Ni-50AI-10Fe) at 900°C. Furthermore, the creep resistance of Ni-50A1-

10Fe 13' alloy was superior to the stoichiometric binary NiA1 alloys over the range of test

temperatures 750°C-1027°C. The creep resistance was shown to be sensitive to iron

content and to stoichiometry (see figures 2.5a-b). In particular, deviations from

stoichiometry on Al-deficient side led to sharp decreases in creep strength.
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Anotherimportantdifferencein thecreepbehaviorof Ni-rich and Fe-rich Ni-Fe-A1

13' alloys was the deformation sub-structure. While both alloys exhibit dislocations of

<100> Burgers' vector, the Fe-rich alloys exhibit a microstructure consisting of numerous

tangled dislocations and loops while the Ni-rich alloys exhibit well-defined subgrain

boundaries and a dislocation density lower than the Fe-rich alloys. This indicates that creep

in Fe-rich alloys is dislocation glide controlled (also referred to as alloy-type creep behavior

[89]) while in Ni-rich alloys is climb-controlled (referred to as pure metal-type creep

behavior [89]).

.y-based Alloys

Inoue et al.[29] have also studied the room temperature tensile behavior of wires of

Ni-Fe-A1 y alloy, Ni-20AI-10Fe, processed through an in-rotating-water melt spinning

technique. The as-quenched microstructure consisted of equiaxed grains (-5l.tm in

diameter) with a high density of anti-phase domains ~30-55 nm in diameter, inside each

grain, indicating a lower degree of ordered state than the equilibrium state where no anti-

phase boundaries (APB) were seen. The alloy exhibited a yield strength of 390 MPa and a

plastic elongation of ~4%.

Horton et al.[90] have studied both the room temperature and elevated temperature

mechanical behavior of Ni3A1 macroaUoyed with Fe and microalloyed with boron. Most of

the alloy compositions were chosen such that the sum of the A1 level plus half the Fe added

equalled 25% (i.e. assuming that Fe replaced A1 and Ni equally) and the Fe concentration

ranged from 0 to 20 at.%. While the microstructure of alloys containing up to 10 at.% Fe

were single-phase, alloys with higher Fe concentration (e.g. Ni-17.5AI-15Fe, Ni-20AI-

15Fe and Ni-15A1-20Fe) contained scattered regions of disordered web surrounding

ordered precipitates (y/?' microstructure). Room temperature tensile tests indicated high

plastic elongation for all the alloys, with the ductility decreasing (from ~55% for Ni3A1 to
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-50% for Ni-20AI-10Fe to -30% for Ni-15A1-20Fe) with increasing iron concentration

while the yield strength increased (from -250 MPa for Ni3A1 to 369 MPa for Ni-20AI-10Fe

to -600 MPa for alloy with 20 at.% Fe) with increasing iron concentration. Elevated

temperature (400, 600, 850 and 1000°C) tensile tests indicated a trend of decreasing

ductility with increasing temperature for all alloys until 850°C above which it rose slightly.

Also, the alloys exhibited anomalous strengthening with increasing temperature, with the

strength reaching a maxima around 600°C. The intermediate temperature (600 and 850°C)

yield strength increased with increasing Fe concentration. However, at 1000°C, the yield

strength was insensitive to the Fe concentration. Figure 2.6a-b summarizes the variation of

yield strength and elongation as a function of iron content at different temperatures.
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Figure 2.6 Dependence of (a) yield strength (b) elongation of 7' Ni-Fe-A1 alloys on Fe

concentration at different temperatures [90].
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It is interesting to note that for the composition Ni-20AI-10Fe, while Inoue et

a1.[29]observedahigh densityof APB'sin therapidly solidifiedmicrostructure,Hortonet

al.[90] reported a single phase (no APBs) microstructure for the boron-doped

conventionallyprocessedalloy. Furthermore,while theundopedrapidly solidified alloy

exhibited -4% elongation at room temperature, the boron-doped alloy exhibited

significantlyincreasedductility, indicatingthatboron-dopingis effectiveevenfor Ni-Fe-A1

_/'alloys. Cahnet al.[91]havesuggestedthatductility in Ni-Fe-A1y alloys isrelatedto the

anti-phasedomain structure itself which exercise a "braking action" on the moving

dislocationstherebyreducingstressconcentrations.Theobservationsof Hortonet al.[90],

however,suggestthatextensiveductility ispossibleevenwithout anti-phasedomains.

Multi-phone alloys

Inoue et a1.[28] have studied the room temperature mechanical behavior of Ni-Fe-A1

multi-phase alloys in wire form, processed through in-rotating-water melt spinning route.

The alloys contained a fixed 20 at.% A1 while the Fe concentration ranged from 20 to 32.5

at.% (balance Ni). The yield strength of the alloys varied between 400 and 600 MPa, the

strength increasing with increasing Fe content. The plastic elongation of the alloys ranged

from 3% for Ni-20A1-20Fe to a maximum of 17% for Ni-20A1-27.5Fe. The mechanical

behavior of Ni-20A1-30Fe has already been discussed earlier (see section 1.4 "Multi-phase

Microstructure").

Horton et a1.[92] have also studied the microstructure and mechanical behavior

(both room and elevated temperature behavior) of the multi-phase alloy Ni-20A1-40Fe,

processed through an arc-drop casting and hot-rolling route. The microstructure following

an anneal of 1 hr at 1050°C consisted of approximately equal amounts of [_' and q/phases.

The compositions of the individual phases were reported as Ni-28AI-25Fe and Ni-11A1-

54Fe, respectively. The alloy exhibited a room temperature yield strength and elongation

of 700 MPa and 9% respectively. Interestingly, Inoue et a1.[28] reported that the room
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temperaturemicrostructureof the same alloy, processed through rapid solidification route,

as 13'. The yield strength and elongation were reported[28] as -700 MPa and 0%. The

elongation is in sharp contrast to that reported by Horton et a1.[92] and is presumably

related to differences in the microstructure, which itself is possibly related to difference in

processing. At higher temperatures (600, 750 and 900°C), the strength decreased

continuously (from -260 MPa at 600°C to -130 MPa at 900°C) while the elongation

increased steadily, reaching almost 60% at 900°C.

2.4 Alloy Selection:

Based on the previous work outlined above [20,21,28-30,92], seven alloys were

chosen for further investigation. Three alloys chosen from the Ni-Fe-A1 [3'phase field (see

phase diagram in fig. 2.3b) were of composition (all compositions given here are in atomic

percent) Ni-30A1-20Fe, Ni-40A1-30Fe and Ni-50A1-25Fe. The choice of the first

composition was motivated by the observation of-5% tensile ductility in the rapidly-

solidified state [28]. The choice of the second alloy was motivated by the observation of

limited tensile ductility in Fe-40A1 [93]. The third alloy Ni-50A1-25Fe was chosen purely

on the merit of its higher aluminum content; a higher aluminum content generally implies

lower density and improved oxidation resistance for the alloy. Rather than rapid

solidification, a more conventional processing route (casting + hot extrusion) was chosen

to see if the tensile ductility could be obtained in a non-rapidly solidified state.

The fourth alloy chosen for investigation, Ni-20A1-30Fe, was from the Ni-Fe-A1

multi-phase field (see fig. 2.3b). The alloy exhibited -15% room temperature elongation

and -600 MPa yield strength [28] in a rapidly solidified state. Again, the processing route

chosen was casting+hot extrusion to see if the previously observed tensile ductility was a

result only of a rapidly-solidified microstructure or could also be reproduced in a non-
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rapidly solidified state. The emphasiswas however, a better understandingof the

deformation behavior of the alloy. Thus, as will be discussedlater, the deformation

behavior of alloys of composition (Ni-30A1-20Feand Ni-12A1-40Fe)similar to the

constituentphasesof thealloy Ni-20A1-30Fe,processedthrougha similar (conventional)

route, were studiedand correlatedwith thoseof the alloy Ni-20A1-30Fe. Furthermore,

basedon reportsof greatly increasedductility (from N3%to 18%elongation)in a boron-

dopedstate [30] for an alloy Ni-27Al-14Fe, it wasdecided to study the influence of

microalloyingwith boron,if any,on thedeformationbehaviorof Ni-20A1-30Fe.

The sixth alloy chosenfor investigationwas multi-phasebinary Ni-36AI, also

processedthroughacasting+hotextrusionroute,thechoicebeingmotivatedbythework of

Russell and Edington[20]. The alloy wasalso microalloyed with boron for possible

improvementsin ductility.
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CHAPTER 3

MATERIALS AND EXPERIMENTAL TECHNIQUES

This section describes the materials and adopted processing routes, methods of

specimen preparation for mechanical testing, optical microscopy, transmission electron

microscopy and experimental techniques for mechanical testing and x-ray diffraction.

3.1 Materials

As discussed in the last section (section 2.4), seven alloys were initially chosen for

investigation (all compositions in atomic percent): Ni-30A1-20Fe, Ni-40A1-30Fe, Ni-50A1-

25Fe, Ni-20A1-30Fe, Ni-36A1, Ni-20A1-30Fe-0.17B and Ni-36A1-0.17B. In order to

understand the deformation behavior of the multi-phase alloy, Ni-20A1-30Fe, in terms of

the deformation characteristics of its constituent phases, compositions of the individual

constituent phases were determined, see later. These were approximately Ni-30A1-20Fe

and Ni-12A1-40Fe. The former constituted the composition of one of the alloys selected

for this study. Thus, an alloy of composition Ni-12Al-40Fe corresponding to the other

phase was also added to the list of alloys to be investigated. Thus, eight alloys were

chosen for this investigation: _' Ni-30A1-20Fe, Ni-40A1-30Fe and Ni-50AI-25Fe; undoped

and boron-doped multi-phase Ni-20A1-30Fe and Ni-36Al; and Ni-12AI-40Fe. The alloy

compositions and their expected microstructures are summarized in the Table 3.1.

3.2 Materials Processing

The processing route chosen for this investigation was casting followed by hot-

extrusion. Ingots (Batch 1), 50 mm in diameter and 150 mm long of Ni-50A1-25Fe,
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Table3.1 Summaryof alloycompositionsandtheexpectedmicrostructures

No. Alloy Comp.(at.%)

Ni A1 Fe

Expected Microstructure

I. 50 20 30

2. 50 30 20

3. 48 12 40

4. 50 20 30

5. 64 36

6. 64 36

7. 30 40 30

8. 25 50 25

(0.17B)

(0.17B)

Multi-phase 13'+y/Y alloy

_l' constituent of the above alloy

y/y constituent of the multi-phase alloy

boron-doped Ni-Fe-A1 multi-phase alloy

binary NiAI+Ni3A1 multi-phase alloy

boron-doped binary multi-phase alloy

]3' alloy

[3' alloy

Ni-40A1-30Fe, Ni-30AI-20Fe, Ni-36A1 and Ni-20A1-30Fe were cast at United

Technologies Research Center, and sections, 100 mm long, from each alloy were placed in

75mm O.D. cans of mild steel and extruded (subsequently referred to as Batch 1, single-

extruded alloys) at ll00°C using a 7:1 area reduction ratio at Oak Ridge National

Laboratory and sand-cooled. The extrusions for the alloys Ni-36A1 and Ni-50AI-25Fe

were not successful for these conditions since they were badly cracked (note: even the cast

ingots of these alloys were cracked, indicating very brittle behavior). Sections, 25 mm in

diameter and i00 mm long, of the remaining three extruded alloys were stripped of the steel

jacket, re-canned in mild steel (50 mm O.D.) and re-extruded at 1000°C at a 6:1 area

reduction ratio at NASA Lewis Research Center and air-cooled. These extrusions will be

referred to as Batchl double-extruded alloys. A second ingot of Ni-20A1-30Fe (hence-

forth referred to as Batch2), similar to the first ingot, was extruded at NASA Lewis at
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1100°Cusing a 6:1 areareduction(first-extrusion),air-cooledand 100mm sectionsre-

cannedin mild steelandre-extrudedat 1000°Cusingthesameareareduction;thesealloys

will be identifiedasBatch2 singleor double-extrudedalloys.

Ingots,37mm in diameterand150mm longof Ni-12A1-40Fe,Ni-36A1,Ni-36A1-

0.2B and Ni-20A1-30Fe-0.17Bwerecast at NASA Lewis and sections,100mm long,

were cannedin mild steel (50 mm O.D.), extrudedusing 16:1 areareduction ratio at

1200°Candair-cooledin their steeljackets. Thehigherextrusionratio waschosento yield

extrusionsof approximately 10mm in diameterfrom which cylindrical bars,6 mm in

diameter,couldbemachinedeasilywithoutmuchmaterialwastage.The higherextrusion

temperatureswerenecessitatedby thehigherextrusionratiosused.

Theextrusionprocessparametersareattachedin APPENDIX 1.

Table.3.2 Compositions,SolidusandLiquidustemperaturesof alloys investigated.

Composition Composition C O Liquidus

(nominal,at.%) (analyzed,at.%) ppm (wt.) Temp.,°C

Solidus

Temp.°C

Ni-20A1-30Fe Ni- 19A1-30Fe <100 60 1410

Ni-20A1-30Fe-0.17BNi-20.5A1-30Fe-0.2B68 42

Ni-30A1-20Fe Ni-30A1-21Fe <100 90 1490

Ni- 12A1-40Fe Ni- 12.5AI-38.5Fe 414 148 -

Ni-40A1-30Fe Ni-37A1-27Fe 100 46 1450

Ni-50A1-20Fe Ni-53A1-20Fe 140 360

Ni-36AI Ni-39A1 100 110

1370

1400

1540
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Table3.2 showsthenominalcompositionsof thealloystogetherwith theanalyzed

Ni, Fe, A1contentsobtainedby the Inductively CoupledPlasmamethod. Carbonand

oxygenconcentrationswereobtainedby theLecoCarbonOxygenanalysismethodandare

alsolisted in Table 3.2. Differential thermalanalysis(DTA) wasusedto determinethe

solidusandliquidustemperaturesof Ni-40A1-30Fe,Ni-30A1-20FeandNi-20A1-30Feand

arelistedin Table3.2;thesolidusandliquidustemperaturesfor theremainingalloyscould

notbedetermineddueto limited accessto theDTA whichwaslocatedatLewis Research

Center.

3.3 Mechanical Testing

T_nsile Testing

Tensile specimens (as shown in fig. 3.1), 3.2 mm in diameter and 33.0 mm long

were centerless-ground from the extruded bars with the tensile direction corresponding to

the direction of extrusion. Prior to tensile testing, they were electropolished in an

electrolyte consisting of 10% (by vol.) perchloric acid in methanol at -30°C and 20 volts.

During polishing, the electrolyte was continuously stirred (magnetically) in a stainless steel

beaker (cathode); the specimen to be polished was the anode and was itself rotated slowly

during polishing. Heat treatments, if any, were carried out on polished tensile specimens.

Both room and elevated temperature tensile testing was carded out using Instron (at

NASA Lewis) and MTS (at Dartmouth) testing frames. The tensile specimens were

strained to fracture at a constant cross-head speed of 0.25 rnm/min (initial strain rate of-1 x

10 -4 s-l). While most room temperature tensile tests were carried out in air, a few were

also performed in vacuum. The vacuum tests were carried out at -10 -7 torr in an Instron

test frame equipped with a vacuum chamber (at NASA Lewis). The elevated temperature

(427, 627 and 827°C) tensile tests were carried out in air using an Instron test frame
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equippedwith athree-zonefurnace(atNASA Lewis). The test specimens were heated to

the test temperatures in less than 1.5 hrs with no overheating. The temperature was

monitored using three thermocouples attached to the middle and shoulders of the specimens

and any temperature differences across the specimen was minimized to +3°C by varying

the power input to the three zones of the furnace. Boron nitride was used as a parting agent

to prevent bonding between the test specimen and the superalloy grips. In order to avoid

buckling of the specimen due to thermal expansion, the bottom pull-rod was left free during

heating to the test temperature and connected to the cross-head just before testing.

I_ i 1.98"
40_ 1.18"

[_ ,l, .|ii

,, 16\ I
.126 DIA-*.003 2

APPROX.

56"DIA -*.005

Figure. 3.1 The standard tensile specimen used for mechanical testing.

Compression testing

Cylindrical shaped specimens with a length-to-diameter ratio of (at least) 2 were

used for compression tests. Specimens were machined from the extruded bars with the

extrusion axis along the axis of the cylindrical specimen. The tests were carried out at

room temperature in air in a MTS test frame at Dartmouth. The initial strain rate was

maintained at -1 x 10 -4 s -1. The specimens were compressed between two heat-treated
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high-carbonplattenstopreventanydeformationof the loadingtrain. MoSi2wasusedasa

lubricating agentbetweentheplattensandthespecimen.Prior to commencementof test,

thespecimensweremanuallypre-loadedwith asmall loadto maintainalignmentwith the

loadingaxis.

Hot Hardness Testing

Hot hardness tests were carried out using a Nikon hot hardness tester at NASA

Lewis. Cylinders, 3mm in diameter and 3 mm long, were indented with a sapphire

indentor using a 500 gm load, over a range of temperatures from 27°C to -900°C. The

dwell time of the indentor was maintained at 10 sec. The specimen and the indentor were

heated independently and their temperatures were monitored by thermocouples attached to

the specimen and the indentor surface. The difference between the indentor and specimen

temperature was always less than 5°C. Boron nitride was used as a parting agent between

the cylindrical specimen and the holder. A helium atmosphere was used inside the test

chamber for temperatures less than -750°C; tests at higher temperatures were carried out in

vacuum. An average of seven indentations was performed on each sample.

Compression Creep Te_ting

Elevated temperature creep tests were carried out in air in a constant load test frame

equipped with a computer-controlled data acquisition system at NASA Lewis. Cylindrical-

shaped test specimens of multi-phase Ni-20A1-30Fe and alloys similar to its constituent

phases Ni-30A1-20Fe and Ni-12A1-40Fe, -6.25mm in diameter and 12.5 mm long, were

tested at 827°C at an initial stress of 60 MPa. The load was applied using a 4:1 constant

load lever arm. The temperature was monitored to within + 2°C using three thermocouples

attached to the top, middle and bottom of the sample similar to high temperature tensile

testing. The creep strain was measured using a super linear variable capacitor (SLVC) in

conjunction with extensometers. Boron nitride was used as a parting agent between the
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SiC push-barsandthetest specimento preventwelding of the specimento the push-rod

during the creep test. A small stress (~1 MPa) was applied to the specimen during heating

to maintain alignment.

3.4 Metallography

Specimens for optical microscopy were prepared by grinding on SiC papers up to

600 grit, and polished successively with l_m, 0.3_tm and 0.05ktm diamond paste and

finally with colloidal silica. Polishing with colloidal silica resulted in a slight etching of the

sample, suitable for optical microscopy on otherwise unetched samples. Polished multi-

phase alloy specimens were etched with a reagent consisting of 50 gms molybdic acid

dissolved in 25mi HF and 75 ml H20. Some specimens (e.g. the specimens of Ni-12A1-

40Fe), however, required stronger etching and were etched with Marble's reagent. Also,

the specimens of heat-treated _' alloys Ni-40A1-30Fe and Ni-30A1-20Fe were etched with

Rosenhein's etch to compare the results with the optical microscopy work of Bradley [79,

80] on Ni-Fe-A1 I_' alloys. Optical microscopy work was completed using a Nikon

Epiphot microscope equipped with differential interference contrast (DIC) imaging at

NASA Lewis and a Reichert MeF2 metallograph at Dartmouth.

3.5 Electron Microscopy

Scanning Electron Microscopy

Specimens for fracture surface examination required little or no specimen

preparation (other than a wash in methanol or acetone and mounting on the appropriate

holder) and were examined in a JEOL JSM 35C (Dartmouth) or a JEOL 840F (NASA
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Lewis) scanning electron microscope. Specimenpreparation for examination of

longitudinalsectionsof deformedtensilespecimens(in back-scattered"compo"mode)was

similarto themetallographicsamplepreparationdescribedearlier.

Transmission Electron Microscopy

Thin foils from deformed or undeformed sections of the tensile specimens were

prepared by grinding 3ram diameter discs from 600l.tm to 250p.m thickness on 600 grit

SiC paper and either electropolishing or ion-milling them to perforation. Samples for

elevated temperature microstxuctural examination were prepared from the undeformed ends

of the tensile-tested specimens, by re-annealing them at the respective test temperatures and

water quenching. Multi-phase Ni-20A1-30Fe specimens were prepared by electropolishing

3 mm discs, about 250p.m in thickness, in a Struers Tenupol using a solution of 30% (by

vol.) HNO3 in methanol at 248K and 10 volts (-0.75 Amp.). Similarly, thin foils of y/y

alloys were prepared by electropolishing in a solution of 10% (by vol.) H2SO4 in methanol

at 268K and 10 volts. Thin foils of the 13'alloy were ion-beam thinned to perforation using

a gun current of 0.5 mA and a gun voltage of 6 kV. Specimens for examination of the

deformation sub-structure in both multi-phase and 13' alloys were prepared by ion-milling

techniques as described above.

The thin foils were examined in a 200 kV JEOL 2000FX transmission electron

microscope equipped with a Tracor Northern 5500 II energy dispersive x-ray spectroscopy

(EDS) system.

3.6 X-ray Diffraction

X-ray diffraction experiments were carried out on powder and bulk samples (from

extrusions) in a computer controlled SIEMENS D5000 diffractometer equipped with a
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Kevex solid state detector connected to a Microvax 2000 data acquisition system. Powders

of -325 mesh size were obtained in a rapidly-solidified state from Homogeneous Metals

Inc.. Annealing of powder was performed at 500°C or 750°C in flowing argon; the

crucibles holding the powder were wrapped in aluminum (for 500°C anneals) or tantalum

foils (for 750°C anneals). Bulk samples were prepared by sectioning extrusions parallel,

perpendicular and oblique (at 45 ° ) to the extrusion direction. The transverse and oblique

sections yielded round and elliptical samples which do not provide a constant area as

illuminated by the beam (a necessary condition for meaningful quantitative x-ray diffraction

analysis) through any chosen angular rotation range. Thus, the round and elliptical

samples were cut into square and rectangular shaped samples, which provide a constant

irradiated length in one direction (normal to a line drawn from source to detector). Samples

were annealed in flowing argon, polished metallographically and etched to obtain a strain-

free surface prior to examination in the diffractometer.

The slit sizes chosen corresponded to the dimensions of bulk samples or powder-

filled areas. The lateral spread of the beam (see figure 3.2) on the sample was a function of

the angle of incidence of x-rays on the sample and was derived to be of the form:

L = (slit size in mm) * (1 +k) / sin 0

Figure. 3.2 Relationship between primary slit size and specimen dimensions.
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whereL is the lengthof irradiatedarea(alongalinedrawnfrom x-ray sourceto detector),

0 the angle of x-ray incidenceat the axis of diffractometer,k a constantdetermined

experimentally to be -0.5 using long time exposureson glass slides mountedat the

reflection planeandmeasuringthedimensionsof irradiatedimpressionleft by thex-ray

beam. The step sizesusedduring scanningwere less than0.5° (usually 0.032°), the

counting times were limited to a maximum of 50 sec for Cu ks radiation and about 100-

200 sec for Cu R_ radiation.

Bulk samples were mounted on a glass slide, placed inverted (with the sample

touching the glass plate) on a flat glass plate, and attached to the sample holder with putty.

This procedure ensures that the top surface of the bulk sample is in the same plane as the

three reference pins (which define the focussing plane) of the diffractometer. Powders

were loaded using the back-loading technique where a hollow rectangular slit is placed on a

glass plate, filled with powder loaded from back, compressed (scraping of any excess) and

secured firmly at the back using a glass slide and putty. The powder in contact with the

glass plate (top surface) is the side exposed to x-rays and is usually free from any texture

effects.

The data obtained were analyzed using the SIEMENS program DIFFRAC 500.
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Multi-phase

CHAPTER 4

Ni-20AI-30Fe and Its Constituent Phases

4.1 This chapter presents the room temperature and elevated temperature

microstmctures, mechanical properties and deformation behavior of the as-extruded multi-

phase alloy, Ni-20A1-30Fe, and alloys similar to its constituent phases along with the

results of in-situ straining experiments in the ternary multi-phase alloy.

4.2 Microstructures

4.2.1 Room Temperature

Multi-phase Alloy

According to figure 2.3b, which is a section of the Ni-Fe-A1 phase diagram for

alloys cooled slowly (10°C/hr) from the homogenization temperature of 900°C, the alloy

Ni-20A1-30Fe (marked with a '*') lies in a two-phase region (13' + y) while the alloys Ni-

30A1-20Fe (o) and Ni-12A1-40Fe (A) lie at the edge of the two-phase region in the 13' and

7' phase fields, respectively. Note that 13' represents the B2-structured (Ni,Fe)(Fe,A1)

alloys. Similarly, "/represents the L12-structured (Ni,Fe)3(Fe,A1) alloys. The symbols 13

and 3' represent, respectively, the b.c.c and f.c.c phases in the Al-deficient section of the

phase diagram.

Optical microscopy of the transverse sections of single-extruded (Batch 1) Ni-20A1-

30Fe (see figure 4.2.1a) showed a coarse pro-eutectic phase (-501.tm in diameter)

distributed in a fine eutectic matrix. TEM confirmed this observation and showed that the

lamellae width of both phases in the eutectic were similar (.-.0.51.tm) (fig. 4.2.1b). The

crystal structures of different phases in the extruded multi-phase alloy were identified by
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Selected Area Diffraction (SAD) in the TEM. SAD patterns from the pro-eutectic and one

¢
of the eutectic phases indicated a B2 crystal structure (fig.:4.2.1c); superlattice reflections

in the SAD patterns (fig. 4.2.1d) from the other eutectic phase indicated a L12 crystal

structure. The compositions of pro-eutectic phase and phases in the eutectic were

determined using EDS on thin foils to be approximately:

B2 pro-eutectic phase

B2 eutectic phase

L12 eutectic phase

: Ni-30A1-20Fe (at.%)

: Ni-32Al-15Fe

: Ni- 12A1-40Fe

These measurements of constituent phase compositions of the single-extruded

multi-phase alloy form the basis for the selection of alloys Ni-30A1-20Fe and Ni-12A1-

40Fe as representative of the individual phases of the multi-phase microstructure. Note that

the composition Ni-30A1-20Fe is fairly close to those of both the pro-eutectic and eutectic

B2-structured phases.

The second extrusion (Batch 1) of Ni-20A1-30Fe resulted in a refinement of the
J

microstructure with the pro-eutectic phase measuring -20t.tm in diameter (figure 4.2.2a).

Figure 4.2.2b is an optical micrograph of the longitudinal section of this double-extruded

multi-phase alloy, in which the eutectic can be observed to be dispersed between the

elongated pro-eutectic phase (which is elongated in the direction of extrusion). The

microstructure of the double-extruded multi-phase alloy was again observed using a TEM

to consist of pro-eutectic and eutectic phases; the eutectic lamellae width was again -0.5ktm

(fig. 4.2.2c) similar to the single-extruded alloy. The dislocations observed in various

phases in fig. 4.2.2c result from a slight deformation (-2% in compression) to the sample

prior to thin-foil preparation; the extruded microstructure was largely free of dislocations.

Like the single-extruded alloy, the pro-eutectic phase was again identified, using SAD, to

be B2-structured. Similarly, one of the eutectic phases was again identified to be _' while
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the other eutectic phase (based on (Ni,Fe)3(Fe,A1)) showed 7' superlattice reflections,

similar to the single-extruded alloy. A mottled appearance, often referred to as a tweed

microstructure, was observed in all the phases under two-beam imaging conditions [94],

and streaking in <110> directions was observed in SAD patterns for both 13'and _/' phases,

see figures 4.2.1d-e. Both of these effects are believed to arise either from phonon

interactions or from a dispersion of fine precipitates [95-96].

Based on the observation of superlattice reflections in SAD.patterns of the

(Ni,Fe)3(Fe,AI)-based phase (of composition Ni-12A1-40Fe) in the extruded alloy, Ni-

20A1-30Fe, the microstructure would appear to be ordered (y' or L12). Inoue et a1.[28]

also reported that the structure of the (Ni,Fe)3(Fe,A1) phase in rapidly solidified Ni-20AI-

30Fe was _' (although the composition was not reported). However, using superlattice-

dark-field imaging in TEM, Field et a1.[97] observed that the microstructure consisted of

bright regions in a dark matrix and suggested that the microstructure of the

(Ni,Fe)3(Fe,A1)-based phase (again, the composition was not reported) in rapidly solidified

Ni-20A1-30Fe consisted of a dispersion of fine, ordered precipitates in a disordered matrix.

By contrast, Inoue et a1.[29] described a similar microstructure in rapidly solidified Ni-Fe-

A1 _ alloys as a high density of APB's. Superlattice dark-field TEM micrographs (fig.

4.2.2f) of the (Ni,Fe)3(Fe,A1)-based phase in the cast and extruded Ni-20A1-30Fe indicate

that the microstructure is not fully ordered; the regions of darker contrast interspersed

within brightly lit (ordered) regions indicate the possibility of either a high density of

APB's or a y/_ type microstructure (ordered precipitates in disordered matrix).

Very fine, ordered precipitates in a disordered matrix usually result in a mottled

appearance [98-100] under two-beam imaging conditions. However, since the mottled

appearance of this (Ni,Fe)3(Fe,A1) phase has been shown to persist even when no

superlattice spots are visible in the SAD pattern (after suitable heat treatment [94]), the

tweed microstructure cannot be considered as proof of a _'/y'-type microstructure. Because

of the fine scale of the microstructure in fig. 4.2.2f, it was difficult to establish whether the

56



microstructureconsistedof fine APB'sor fine "_'precipitates without further experiments

(see below).

A predominant orientation relationship, observed between the 13' and the

(Ni,Fe)3(Fe,A1) phase (later confirmed to be 7/3e, see below) in the eutectic, was identified

to be the Kurdjumov-Sachs relationship, i.e. {110}13, II {111}_,/_, and <111>13' II

<110>_,/y, as noted previously by Field et a1.[97] in rapidly solidified material of similar

composition.

NiI_Ni.,E._3_(Fe.A1)-based phase Ni- 12AI-40Fe

The alloy Ni-12A1-40Fe had a composition similar to that of the (Ni,Fe)3(Fe,A1)

phase in the double-extruded multi-phase Ni-20A1-30Fe. The microstructure of transverse

sections of single extruded Ni-12A1-40Fe consisted mostly of equiaxed grains with a grain

diameter of-50gm, although some elongated grains (arrowed in fig. 4.2.3a), indicative of

incomplete recrystallization, were also present. The longitudinal sections exhibited a

similar microstructure.

Figure 4.2.3b is a superlattice (001) dark-field image of the cast and extruded Ni-

12A1-40Fe which was cooled from 1000°C, where the alloy is known to be fully

disordered [94], to room temperature at a rate of 12°C per hour. The bright, cuboidal

precipitates of -100rim size distributed in a dark (disordered) matrix, clearly indicate a

coarsened 7/7' microstructure and not an APB structure. (Note that for Ni-12AI-40Fe, the

room temperature phase diagram in slow cooled (10°C/hr from 900°C) alloys (figure 2.3b)

indicates a single-phase 3,' structure). Thus, it is clear that the microstructure of

(Ni,Fe)3(Fe,A1) phase in double-extruded Ni-20A1-30Fe is a _/'_' microstructure, thereby

confirming the observations by Field et a1.[97]. The size of the ordered regions in the 'Y/7'

phase in the extruded multi-phase alloy was -10nm. Henceforth, the microstructure of the

multi-phase alloy will be referred to as a 13'+ _//'_ microstructure, while the alloys
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Ni-30A1-20Fe and Ni-12A1-40Fe would be considered similar to the 13' and Y/7' phases in

the multi-phase alloy.

_' Ni-30A1-20Fe

The optical microstructures of the transverse section of the 9' alloy, Ni-30A1-20Fe,

were similar after both extrusions (Batch 1) and contained equiaxed grains of-25p.m grain

size. Longitudinal sections of the double-extruded alloy exhibited a microstructure similar

to the transverse sections, although some cracks were observed along the extrusion

directions (fig. 4.2.4a). The microstructure was determined to be fully recrystallized in the

TEM. While the grains were mostly free of dislocations, a few residual dislocations with a

<001> Burgers' vector were observed (fig. 4.2.4b). X-ray diffractometry on 0 °

(longitudinal), 45 ° and 90 ° (transverse) sections (fig. 4.2.5a-c) indicated that while the

{111 } reflections could be observed only in the transverse sections, strong (compared to

other orientations) { 100} reflections could be observed only in the 45 ° sections. Note that

for material with a { 111 } texture, { 100} reflections are more likely to be observed along

45 ° to wire axis since the angle between { 111 } and {100} is 54.7 °. These observations are

indicative of a {111 } wire texture in the material. Subsequent TEM observations on thin

foils made from transverse sections of extrusions confirmed that almost all grains were near

the [111] zone axis, thereby confirming that the extruded alloy was textured.

Interestingly, a discontinuous, thin (-10nm) grain boundary film (fig. 4.2.6) was

also observed in the double-extruded alloy. Compositional measurements (using a VG

Scanning Transmission Electron Microscope) of the grain boundary phase and grain

interior regions indicated iron-enrichment at the grain boundaries [ 101 ] (see fig. 4.2.7a-b).

Similar conclusions were derived from Auger Electron Spectroscopy analyses of

compositions from intergranular and transgranular regions of fracture samples of the
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Figure 4.2.6 The microstructure of double-extruded 13' Ni-30A1-20Fe under a Scanning

Transmission Electron Microscope (STEM) showing a thin (~lOnm), discontinuous grain

boundary phase.
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Figure 4.2.7 Compositional measurements using STEM from (a) matrix (b) grain

boundary phase regions in Figure 6.2.6 indicate an iron-enrichment in the grain boundary

phase [101].
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double-extruded alloy, with the intergranularly fractured regions exhibiting higher iron

concentrations than the transgranular regions [102].

Boron-doped Multi-phase Alloy

The microstructure of the multi-phase alloy microalloyed with boron was generally

similar to the undoped multi-phase alloy (figure 4.2.8), although the scale of the

microstructure was coarser for the boron-doped alloy, presumably due to the high

extrusion temperature necessitated by the high extrusion ratio (16:1). Thus, the pro-

eutectic (presumably _'-structured) phase was -50ktm in diameter (fig. 4.2.8) rather than

-20pro for the undoped alloy (fig. 4.2.2b). Since the mechanical properties were observed

to be somewhat similar to the undoped multi-phase alloy (see later), no detailed

microstructural analysis was performed on the boron-doped multi-phase alloys.

4.2.2 Elevated Temperature

The elevated temperature (427°C, 627°C and 827°C) microstmctures of the multi-phase

alloy and alloys similar to its constituent phases were determined by examining specimens,

sectioned from the unstrained ends of tensile tested specimens, annealed at each

temperature for -200 min. and water quenched.

Multi-phase (_'+y/.'y') Ni-20A1-30Fe

The room temperature microstructure of the double-extruded multi-phase alloy was

noted above to consist of a pro-eutectic _' phase, -20_m in diameter, and elongated in the
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Figure 4.2.8 Optical micrograph (DIC contrast) of the boron-doped multi-phase alloy Ni-

20A1-30Fe-0.17B showing a microstructure similar (although coarser) to the undoped

multi-phase aUoy.
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direction of extrusion (also the stress-axis in multi-phase alloy specimens), dispersed

between a fine eutectic 13'+ y/Y' matrix (lameUae width ,-,0.5_tm). The ),/y phase consisted

of a fine (-10nm in diameter) dispersion of ordered (y') precipitates in a disordered (y)

matrix. The compositions of the room temperature constituent phases are given in Table

4.2.1.

The microstructure of the multi-phase alloy at both 427°C and 627°C was similar to

the room temperature microstructure. For example, figure 4.2.9 shows a TEM micrograph

of the multi-phase alloy annealed at 627°C. The microstructure consisted of a pro-eutectic

13' phase (marked 'A') in a eutectic structure. The eutectic phase marked 'B' was

confirmed by selected area diffraction (SAD) to be 13'; the composition was determined

using energy dispersive spectroscopy (EDS) to be similar to that of the pro-eutectic phase

(see Table 4.2.1). The 13' phase exhibited a mottled 'tweed' contrast under two-beam

imaging conditions [94] and streaking along <110> directions in SAD patterns. Such

effects have been attributed either to a fine dispersion of ordered precipitates in a disordered

matrix or pre-martensitic phenomena in similar materials [95,96]. The structure of the

phase marked marked 'C' was determined to be L12 using selected area diffraction (SAD).

The observation of superlattice reflections in SAD patterns (fig. 4.2.9b) from the phase 'C'

and a fine dispersion of ordered (bright) particles in a disordered (dark) matrix in

superlattice dark-field images (fig. 4.2.9c) of the same indicated a Y/7' microstructure,

similar to the room temperature microstmcture reported earlier (see section 4.2.1). At

neither temperature were any additional phases observed.

When annealed at 827°C the y/ycomponent became fully disordered as evidenced

by the lack of superlattice reflections in SAD patterns (figure 4.2.9d). Both the pro-eutectic

and eutectic 13'phases remained ordered. Also, the compositions of the constituent phases

were observed to change slightly from their room temperature compositions. Table 4.2.1

lists the compositions (an average of three measurements) of the pro-eutectic 13'phase, and

the eutectic 13' and 7/7' phases at 427°C, 627°C, and 827°C. At 827°C, the y phase
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appeared to become slightly depleted in aluminum and enriched in iron compared to the _,/y

phase at both 427°C and 627°C.

_,/_' Ni- 12AI-40Fe

The room temperature microstructure of the single-extruded Ni-12A1-40Fe was

noted above to consist of equiaxed grains (-501.tm in diameter) containing a dispersion of

fine ordered (_') precipitates (~10nm in diameter) in a disordered (_,) matrix, that is, the

same as the microstructure of _,/_' component in the multi-phase alloy.

The microstructure of Ni-12A1-40Fe annealed at 427°C and 627°C were similar.

Superlattice dark-field imaging of the alloy annealed at 627°C (fig. 4.2.10a) and 827°C (fig.

4.2.10b) revealed a dispersion of _' particles in disordered (_/) matrix ('_/_' microstructure)

suggesting that the observed mottled appearance of the matrix under bright-field imaging

conditions was related to the _,/_/' microstructure; coarsening of the _' particles (from N10

nm at 627°C to N50 nm at 827°C) was evident at the highest temperature. Higher

magnification images of the region marked 'D' in fig. 4.2.10a indicates it to be a sub-

boundary, which is consistent with the earlier observations of incomplete recrystallization

in the extruded state. At 827°C, an additional phase was observed at the grain boundaries

(fig 4.2.10c) which was identified to be B2-structured using SAD (fig. 4.2.10d); EDS

analysis indicated a composition of approximately Ni-32Al-16Fe. The small volume

fraction (-lvol.%) of the precipitated _' phase has little effect on the aluminum content of

the matrix.

Note that whilst the microstructures at 427°C and 627°C, consisting of 7'

precipitates in a 7 matrix, were similar to the _//y component in the multi-phase alloy, the

alloy still exhibited a _,/'¢ microstructure at 827°C whereas the multi-phase alloy had only a

7 phase. The difference could possibly be related to casting-segregation. The composition

of the sample, as determined by EDS, indicated a composition slightly richer
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in aluminum -15 %A1 (see Table 4.2.1) than t_at from the Inductively Coupled Plasma

(ICP) analysis of the alloy of -12 at. %, which was close to the nominal composition.

Comparison of the microstructure and composition of this alloy and the y/_ phase of the

multi-phase alloy at 827°(2 suggests that a higher aluminum content leads to retention of the

y/'_ microstructure to higher temperatures.

1_' Ni-30A1-20Fe

The room temperature microstructure of the 13' alloy Ni-30A1-20Fe in both the

single and double-extruded states was noted above. Briefly, the microstructure consisted

of fully recrystallized equiaxed grains (~25gm diameter after both extrusions). A thin (~10

nm thick), iron-rich, discontinuous grain boundary film was also observed in the double-

extruded alloy. After annealing at 627°C, additional phases were observed in the 13' alloy

microstructure. For example, regions such as that marked 'X' in fig. 4.2.11a were present

at the 13' grain boundaries. These regions exhibited a mottled appearance under bright-field

imaging conditions similar to Ni-Fe-A1 7/Y' alloys. SAD patterns (figure 4.2.1 lb) from

this phase indicated the presence of a L12 superlattice; the composition of these precipitates

was measured by x-ray microanalysis to be Ni-12A1-47Fe, see Table 4.2.1. Based on the

compositions of other Y/T' alloys in Table 4.2.1, the precipitates in fig. 4.2.11a are

probably y/_ rather than 7'. By contrast, the region marked 'Y' in fig. 4.2.1 lc while

exhibiting a similar mottled appearance under bright-field imaging conditions, did not

exhibit the L12 superlattice as evidenced by the lack of superlattice spots in positions

marked with arrows in convergent-beam diffraction patterns (fig. 4.2.11d); the

composition of this precipitate was measured to be Ni-9AI-49Fe. Again, the differences in

composition of the precipitates are probably related to casting segregation. Also, a higher

Al-level appears to favor a _,/'_' rather than 1, microstructure which is consistent with the

conclusions drawn in earlier sections. Similar regions were observed at the 13' grain
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boundaries after annealing at 827°C, see fig. 4.2.1 le, but SAD patterns (figure 4.2.1 If)

did not contain superlattice spots, indicating that only a fcc (y) phase was present. The

volume fraction of the y phase was small (-1%) and the phase was found again to be iron-

rich using EDS, see Table 4.2.1.

Microstructural Stability_

In order to assess whether the fine eutectic microstmcture of the multi-phase alloy,

with and without boron, would coarsen significantly during mechanical testing at elevated

temperatures, specimens were annealed for 195 minutes at temperatures up to 1200°C and

quenched into water. Figures 4.2.12 and 4.2.13 shows the results of such isochronal

anneals in the temperature range 900°C - 1200°C. It is clear that significant coarsening

begins only above 1000°C for this annealing time which is higher than the highest

temperature used for mechanical tests (827°C). Furthermore, microalloying with boron

does not appear to alter the coarsening kinetics (fig.4.2.13). The stability of the fine

microstructure at elevated temperatures indicates that the mechanical tests results can be

assumed to be independent of any coarsening effects of the microstructure.

Comparison with Existing Ni-Fe-A1 Phase Diam'ams

The multi-phase alloy, and alloys similar to its constituent 13' and _//_' phases have

been marked in the isothermal sections of the ternary Ni-Fe-A1 phase diagram at 400°C

(fig.2.3j), 750°C (fig. 2.3i) and 850°C (fig. 2.3h), which are within or close to the range of

tensile test temperatures, see section 2.3.

According to these figures, at 400°C and 750°C the multi-phase alloy is within the

three-phase region (1_'+ y' + YNi), while the alloy Ni-12AI-40Fe which is _,/),' at room

temperature lies on the phase boundary between the two-phase ('_Ni + _/') and three-phase
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a)

b)

Figure 4.2.12. Optical micrographs using differential interference contrast of Ni-20A1-

30Fe following isochronal annealing 195 minutes at (a) 900°C (b) 1000°C (c) 1100°C (d)

1200°C and water quenching. Note that significant coarsening begins only after 1000°C for

this time.
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a)

b)

Figure 4.2.13. Optical micrographs using differential interference contrast of Ni-20A1-

30Fe-0.17B following isochronal annealing 195 minutes at (a) 800°C (b) 900°C (c)

1000°C (d) 1100°C and water quenching. The coarsening characteristics are essentially

similar to the undoped multi-phase alloy.
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region (13' + _tNi + _). By contrast, the alloy Ni-30A1-20Fe which is simply 13' at room

temperature when cooled at 10°C hr -1 from 900°C [78] lies in a two-phase region (13' + We)

at both 400°C and 750°C. TNi and TFe represents Ni-rich and Fe-rich f.c.c solid solutions,

respectively. At 850°C all the alloys lie in the two-phase (13' + TNi) region, i.e. the '_

precipitates disorder/dissolve between 750°C and 850°C.

The experimentally observed microstructures for the multi-phase, 13'and y/'y' alloys

at 427, 627 and 827°C were generally consistent with the available phase diagram

information. A few exceptions were, however, observed. For example, for the 13' alloy,

Ni-30A1-20Fe, a 13' + YFe microstructure would be expected in the temperature range

400°C-750°C from the two isotherms in figure (2.3i-j). Experimentally, along with the 13'

phase, an iron-rich _,/y' phase was also observed instead of only the disordered _, phase (see

superlattice reflections in fig. 4.2.1 lb). Also, at 827°C the second phase is iron-rich rather

than nickel-rich as expected from the 850°C isotherm (fig. 2.3h). The microstructures and

chemistry of the phases axe tabulated in Table 4.2.1.

4.3 Mechanical Properties

4.3.1 Room Temperature

The comparative tensile test data of the multi-phase alloy and alloys similar to its

constituent phases are summarized in Table 4.3.1 and described below.

The single-extruded multi-phase alloy, Ni-20A1-30Fe, exhibited -7% elongation

and a yield strength of 850 MPa; by contrast, the double-extruded alloy exhibited -20%

elongation and a yield strength of 760 MPa, see fig. 4.3.1. The observed fracture surfaces

were similar in both the single and double-extruded multi-phase alloys, that is,
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transgranular cleavage in the pro-eutectic _' phase and dimple fracture in the eutectic matrix

(fig. 4.3.2a).

The single-extruded _,/_ alloy, Ni-12A1-40Fe, exhibited a lower yield stress of 507

MPa but a higher average tensile elongation of-33% (two individual tests exhibiting 28

and 38% elongation) than the multi-phase or I]' alloys. The fracture surfaces showed

evidence of extensive plastic deformation prior to fracture, the fracture being of dimple

transgranular type (see fig. 4.3.2b).

The I]' alloy, Ni-30A1-20Fe, which is close to the composition of the pro-eutectic

[3' phase in the multi-phase alloy, fractured before 0.2% strain at 770 MPa in the single-

extruded state and at -2% tensile elongation with a 800 MPa yield stress in the double-

extruded (at 6:1 area reduction ratio) state. A second test (double-extruded at 5:1 area

reduction ratio) indicated -6% tensile elongation and a similar (824 MPa) yield stress. The

fracture surfaces, which were similar in both single and double-extruded states, showed

transgranular cleavage, although a few intergranular surfaces were also observed (fig.

4.3.2c-d).

The differences between the mechanical behavior of the as-extruded single and

double-extruded multi-phase Ni-20A1-30Fe and 13'Ni-30A1-20Fe are partly related to the

difference in cooling rates following extrusions (sand cooling for single-extruded alloys as

opposed to air cooling for double-extruded alloys); the effect of different annealing

treatments and cooling rates on mechanical properties were investigated, the results are

reported in the following section on annealing effects.

The single-extruded boron-doped multi-phase alloy, Ni-20A1-30Fe-0.17B,

exhibited a lower yield stress (700 MPa) and elongation (12%) than the undoped multi-

phase alloy, presumably due to the coarser scale of the microstructure. The fracture surface

of the boron-doped alloy was similar to those of undoped multi-phase alloy.

In order to further elucidate the failure behavior of the multi-phase alloy, tensile

samples of the double-extruded alloy, annealed at 1300°C for 3.5 hours and air-cooled to
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produce a coarsened microstructure for easier optical observation, were strained to failure.

Longitudinal sections of the tensile-tested specimen were examined by optical microscopy

(fig. 4.3.3). Cracks which had developed in the pro-eutectic 13' phase were clearly

observed to stop at the interface of pro-eutectic 13'phase and the _//q(phase (darker phase).

No separation at the interface between the 13' and the _//_/' phases was observed. A few

cracks were also observed in the 13' phase of the coarsened eutectic. These were again

arrested by the ductile ),/'y' phase, indicating that one way the 7/_' phase improves ductility

of the multi-phase alloy is by a crack-stopping mechanism. Similar examination of

longitudinal sections from deformed as-extruded tensile specimens revealed a few cracks in

the pro-eutectic phase, however, no cracks were observed in the eutectic. Clearly, the pro-

eutectic 13' phase exhibits a high propensity for cracking early during deformation,

indicating the basically brittle nature of the alloy. Thus, failure in the extruded multi-phase

alloy appears to be related to the catastrophic propagation of supercritical cracks nucleated

in the coarse pro-eutectic phase.

4.3.2 Elevated Temperature

Hot Hardness Tests

As noted above, the fine scale (0.5_tm lamellae width) of the double-extruded

microstructure of the multi-phase alloy was found (see section 4.2.2) to be resistant to

coarsening up to 1000°C for an annealing time of 195 minutes, which is longer than the

duration of a typical tensile test or hot hardness test.

The hot hardness measurements of the multi-phase alloy, Ni-20A1-30Fe, and the 13'

alloy, Ni-30A1-20Fe (fig. 4.3.4a-b), indicate a behavior commonly noted for NiA1 [9,51],

and for B2 alloys in general [103], where a signficant loss of strength with increasing
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Figure 4.3.3 Polished longitudinal section of double-extruded, multi-phase Ni-20AI-

30Fe, annealed at 1300°C and tested in tension, showing cracks in the pro-eutectic [3' phase

being arrested at the [3'-T/Y interface.
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temperatures occurs beyond a plateau or slow decrease in t tt_mperature range N 27oc _
¥ L_. _,

400°C. The transition temperature Tt beyond which the stren_l'ecreases sharply scales
"_1¢"

with the solidus temperature indicating that diffusion-assisted mechanisms are responsible

for such a decrease in strength. Thus, _' Ni-30A1-20Fe, whfch has a lower solidus

temperature than stoichiometric NiA1 (1400°C versus 1640°C), exhibits a lower Tt (Nb00°C)

than stoichiometric NiA1 (-627°C) [9].

The y/q( alloy, Ni-12A1-40Fe (fig. 4.3.4c), while exhibiting a lower hardness than

the 13' phase at lower temperatures (<400°C), retained its strength up to 700°C, beyond

which a sharp decrease in strength occurred, presumably due to the observed coarsening of

the "( precipitates (see section 4.2.2) and eventually disordering/dissolution of _ into 7. It

should be noted that, although a positive temperature dependence of strength is often

observed for l/-based alloys, no such anomalous strengthening was observed for this

particular y/l/alloy, presumably due to the constituent y.phase which itself does not exhibit

any anomalous strengthening behavior. That the rate of _oss of strength with temperatures

greater than 400°C was lower for the multi-phase alloy than the single phase 13' alloy is

presumably due to the high temperature strength characteristics of the 7/_' phase.

The hot hardness characteristics of the boron-doped multi-phase alloy (fig.4.3.4d)

were similar to those without boron; a sharp decrease in strength was observed above

500°C. The higher hardness at all test temperatures is probably due to the solid solution

strengthening effect of boron. The lack of any anomalous strengthening (or at least a

plateau in strength) effect arising from the constituent 7/7' is evident. Weihs et al.[61]

noted the influence of scale of microstructure on anomalous strengthening behavior of

Ni3A1 where, in contrast to coarse grained alloys, fine grained alloys were observed not to

exhibit anomalous strengthening. Thus, to test if a coarse grained microstructure would

exhibit better high temperature strength retention, the high temperature strength

characteristics of a boron-doped multi-phase alloy specimen, annealed for 15 hrs at 1100°C

and furnace cooled at 2°C/rain, were determined. The results (fig.4.3.4e) are essentially
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similarto theas-extrudedalloy indicatingthatlimitedcoarseningof the microstructure does

not influence the high temperature strength of multi-phase alloys significantly.

Elevat;ed Temperature Tensile Tests

Stress-strain graphs of the elevated temperature tensile tests are shown in figs.

4.3.5 through 4.3.8 and the results are summarized in Table 4.3.2 and fig. 4.3.9.

Figure 4.3.5 shows the stress-strain curves of the multi-phase alloy for different

test temperatures (the data for room temperature test also being included for comparison).

At room temperature, the alloy exhibited a yield strength of 760 MPa and plastic strain to

fracture, El, of -20%. At 427°C, the yield strength decreased to 610 MPa and the 13f

increased to -34%. Note that the rate of work-hardening at 427°C is also lower than that at

room temperature. At 627°C, the yield strength decreased to -310 MPa and ef increased to

-41%; no work-hardening was observed at this temperature. At room temperature failure

preceded necking, whilst at 427°C and 627°C slight necking was observed before final

failure. Finally, at 827°C where the microstructure is known to be [3' + 7 only, no work-

hardening was observed after yielding at ~50 MPa and an elongation of 70% without any

necking was observed before the test was stopped. The large elongation without any

necking is indicative of the occurrence of either recovery or dynamic recrystallization. A

second sample was strained in vacuum at 827°C, where an ef of almost 100% was

observed before failure.

Figure 4.3.6 shows the stress-strain curves for the 7/Y' alloy, Ni-12A1-40Fe, at

different test temperatures. At 27°C, the alloy exhibited a yield strength of 507 MPa and a

fracture strain of 28%. At 427°C, the yield strength decreased to -420 MPa and 13falso

decreased to 15%. At both 27°C and 427°C, necking preceded final failure and the work-
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hardening rate was insensitive to the temperature change. At 627°C, the alloy failed in a

brittle manner at a stress of -345 MPa immediately before 0.2% strain yield. At 827°C,

where the alloy is known to exhibit a coarsened _//_( microstructure, a low yield strength of

119 MPa and -1% fracture strain was observed. No work-hardening was observed at this

temperature.

The stress-strain curves for the 13' alloy, Ni-30AI-20Fe, are shown in fig. 4.3.7.

At room temperature, only -2% ef was observed following yielding at a stress of 800 MPa.

A second test, however, exhibited 6% elongation and -825 MPa yield strength. At 627°C,

the yield strength decreased to 199 MPa and the ef increased to -27%. At 827°C, the yield

strength decreased further to only -53 MPa and the ef increased dramatically to 97%. No

strain-hardening was observed in either elevated temperature test. The high I_f at 827°C is

indicative of the occurrence of either recovery or dynamic recrystaUization in the deformed

microstructure of the multi-phase alloy.

Figure 4.3.8 shows the stress strain curves for the boron-doped multi-phase alloy

tested over the temperature range 27-827°C (the data for 27°C test are included for

comparison). It is clear that the nature of stress-strain response is similar to the undoped

multi-phase alloy (fig.4.3.5) although the elongations are reduced. While the general trend

of increasing ductility with increasing temperature is evident for test temperatures in excess

of 427°C, the ductility at 427°C itself is lower than that observed at room temperature. The

reasons behind the reduced elongation from 27°C test to 427°C test are not clear and

additional tests are necessary to remove any uncertainity in test results. One possibility,

however, is that the decreased ductility could be related to precipitation of o_-Fe within the

13'phase (see Chapter 5) in the temperature range 400-500°C which may decrease ductility;

such decreased ductility is probably not observed in the undoped multi-phase alloy due to

its fine scale of the microstructure which may overcome any embrittlement due to

precipitation strengthening by 0t-Fe. Interestingly, while the yield strengths at 27°C and

427°C were slightly lower than the undoped multi-phase alloy, at higher temperatures
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(627°Cand827°C),theboron-dopedmulti-phasealloy wasslightly strongerwhich is again

indicativeof asolid solutionstrengtheningeffectof boronathightemperatures.Although

borondopingis expectedto increasethestrengthevenatroomtemperature,thedifferences

in the scaleof themicrostructurebetweenthe undopedandboron-dopedalloys preclude

anyrigorouscomparisonof yield strengths.

Figure 4.3.9asummarizesthe variation of the yield strengthof the alloys with

temperature,thedatafor theboron-dopedmulti-phasealloy beingexcludedin view of the

uncertainityof its elongation. Thedatapoint for the?/_,'alloy Ni-12A1-40Feat 627°C

representsthe fracture stressatjust below 0.2% plastic strain. The variationof yield

strengthwith temperaturewassimilar to thetrendsobservedin hothardnessmeasurements

for all the alloys. Figure 4.3.9b summarizesthe tensileelongation for the alloys as a

function of temperature. While the elongation of the multi-phase alloy increased

continuously with increasing temperature,the elongation of the ?/_' alloy shows a

minimumat 627°Cwherethealloy failed aroundyield. By contrast,theelongationof the

13'alloy increasedcontinuouslywith increasingtesttemperatures.Thehighductility of the

multi-phasealloy at 627°Cand827°Cthusappearsto arisefrom theincreasedductility of

the 13'phase,asshownin fig. 4.3.9b.

Fractom'aohy

The fracture surfaces of the tensile-tested specimens were examined using a

scanning electron microscope (figs. 4.3.10-4.3.12). For the multi-phase alloy, fracture at

427°C was similar to that previously observed at 27°C (fig. 4.3.2a) consisting of

transgranular cleavage failure in the pro-eutectic 13'phase and dimple fracture in the eutectic

(fig. 4.3.10a). At higher temperatures (fig. 4.3.10b-c), the pro-eutectic 15' phase

underwent a change from transgranular fracture to dimple fracture, indicating increased
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a)
o

b)

Figure 4.3.10 Fractographs of multi-phase alloy Ni-20AI-30Fe tested in tension at (a)

427°C (b) 627°C and (c) 827°C. The eutectic exhibits dimple fracture at all temperatures.

The pro-eutectic 13' phase, by contrast, undergoes a change in fracture mode from

transgranular cleavage at 427°C to dimple fracture at 627°C.
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Figure 4.3.10 continued

OR,,alI,_AL PAGE

8LACK AND WHITE PHOTOGRAPH

108



a)

b)

Figure 4.3.11 Fractographs of Y/T' alloy Ni-12A1-40Fe tested in tension at (a) 427°C (b)

627°C. Fracture surface is dimpled at 27°C, mixed mode (dimple+intergranular) at 427°C

and completely intergranular at 627°C and 827°C.
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a)

b)

Figure 4.3.12 Fractographs of 13' alloy Ni-30A1-20Fe tested in tension at (a) 627°C and

(c) 827°C. The fracture is transgranular cleavage at 27°C, intergranular at 627°C and

dimple fracture at 827°C.
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ductility for the 13' phase in the temperature range 427°C-627°C. This coincides with the

loss of hardness of the 13'alloy above around 500°C and the tensile test results where 27%

elongation was observed at 627°C. The fracture surface at 827°C was essentially similar to

627°C, although some large voids were observed on the fracture surface at 827°C. Dimple

fracture was observed in the eutectic at all test temperatures.

The fracture mode of the _//_' alloy also changed

Dimple fracture was previously noted at room temperature,

by a mixture of intergranular and dimple fracture at 427°C,

with increasing temperature.

fig. 4.3.2b. This was replaced

fig. 4.3.1 la, whereas at 627°C

and 827°C, completely intergranular fracture occurred, fig. 4.3.11b. The decreased

ductility and intergranular fracture of Ni3AI and (Ni,Fe)3(Fe,A1) alloys has been noted

before in the temperature range 600°C-800°C and ascribed to the dynamic embrittlement of

grain boundaries by ambient oxygen [108].

The fracture surfaces of tensile-tested specimens of the 13'alloy, Ni-30A1-20Fe also

changed with temperature. Previously transgranular cleavage was reported at room

temperature (fig.4.3.2b). The fracture mode was intergranular fracture at 627°C and

dimple fracture at 827°C, fig. 4.3.12. Although the fracture is intergranular at 627°C, the

individual grains shows evidence of plasticity (note the dimpled surface of individual grains

in fig. 4.3.12a). At 827°C, extensive voiding was evident on the fracture surface (Fig.

4.3.12b). The results are similar to the observed fracture behavior of the pro-eutectic 9'

phase in the multi-phase alloy.

Fracture surfaces of boron-doped multi-phase alloy specimens indicate essentially

similar characteristics as shown in figure 4.3.10 and, hence, are not included here.

Back-scattered electron images of the polished longitudinal sections of the multi-

phase alloy specimens tested at 427°C, 627°C and 827°C revealed cavities, the size of the

cavities increasing with increasing test temperatures, see fig. 4.3.13. Note that the 7/3/

phase, which is richer in higher atomic number elements, is the brighter phase. Figure

4.3.13a shows that at 427°C, most of the cavitation is limited to the grain boundaries and
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interfaces.By contrast,the voidswerealmostexclusivelyin theT/_phaseat 627°C,see

fig. 4.3.13b,and in the I3'phaseat 827°C,seefig. 4.3.13c. At 827°C(fig. 4.3.13d),the

elongatedstructureof the pro-eutecticphasewas replacedby a morehomogeneousand

equiaxedmicrostructure.Combinedwith the largeelongationobservedfor themulti-phase

alloyat 827°C,this is indicativeof adynamicallyrecrystallizedmicrostructure.

Polished longitudinal sectionsof the _,/'_'alloy, Ni-12A1-40Fe,indicated the

presenceof grain boundarycracksat 627°Cand 827°C, which areconsistentwith the

observedintergranularfracturemodeobservedfor this alloy atthesetemperatures,seefig.

4.3.14. Similarly, polishedlongitudinalsectionsof the 13'alloy, Ni-30A1-20Fe,testedat

627°C (fig. 4.3.15a),indicatedmainly the presenceof grain boundarycracks,which is

consistentwith theobservedfracturemodeatthis temperature,althoughafew longitudinal

cracks along the stressaxis were alsoobserved. Theselongitudinal cracks were also

observedat room temperatureandarebelievedto be theresult of processing(casting+

extrusion). At 827°C (fig. 4.3.15b),however,extensivevoiding wasobservedandthe

grainboundarieswereno longerstraight. Thelargevoidsobservedin the micrographare

mostly situatedat the grain boundariesand probably resultedfrom the coalescenceof

smallervoidsnucleatedby creepcavitation. Thecurvedgrainboundaries(arrowedin fig.

4.3.15b) indicate grain boundary migration which is indicative of the occurrenceof

dynamicrecrystallizationatthis temperature.

Examination of polished longitudinal sections of Ni-20A1-30Fe-0.17B tensile

specimens tested at 627°C and 827°C indicate some differences in size and distribution of

voids in the microstructure, see fig. 4.3.16; while at 627°C (fig.4.3.16a), -201.tm sized

voids were distributed uniformly over the microstructure, specimens tested at 827°C

(fig.4.3.16b) exhibited large (100-200ktm) cavities concentrated essentially near the

fracture surface. The size of cavities away from the fracture surfaces were considerably

smaller which is indicative of final failure occurring by void coalescence. Figure 4.3.16c is

a high magnification optical micrograph of the region away from fracture surface showing
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Figure 4.3.14. Optical micrograph of polished longitudinal section of y/y' alloy Ni-12A1-

40Fe, tested in tension at 627°C. Grain boundary cracks are observed (mowed).
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Figure 4.3.16 Optical micrographs (DIC contrast) of boron-doped multi-phase alloy Ni-

20AI-30Fe-0.17B tested in tension at (a) 627°C (b) 827°C showing the size and

distribution of voids nucleated. (c) higher magnification image of region away from

fracture surface in (b) showing the nucleation of voids at the interphase interface (anowed)

presumably by interfacial sliding (see later).
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Figure 4.3.16 continued
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voidsnucleatingatthe interphaseinterface(arrowed)which is indicativeof grainboundary

sliding. Like the boron-dopedmulti-phasealloy, largevoids were alsoobservedon the

fracturesurfacesof the boron-freemulti-phasealloy indicating that void coalescenceis

responsiblefor final failure.

4.4 Deformation Mechanisms

4.4.1 Room Temperature

Figure 4.4.1a-d shows the dislocation sub-structure in the pro-eutectic 13' phase of

the multi-phase alloy, Ni-20A1-30Fe, strained -2% in compression at room temperature.

The dislocations labelled 'A', 'B', and 'C' are in contrast when imaged with _ = [10i]

and [1i0], and out of contrast with _ = [01i] and [020], indicating a [100] Burgers'

vector. No evidence of dislocation pile-ups was found. The residual contrast of some

dislocations when the invisibility criteria for screw _-1_ = 0 or edge dislocations (_. "i_

= 0 and _ •_xi_ = 0) are satisfied was probably due to the high elastic anisotropy of the

_' alloy.

The Burgers' vector of dislocations in the y/_' phase in multi-phase alloy Ni-20A1-

30Fe was also analysed after -2% strain in compression. The contrast of dislocations

when imaged with a variety of diffracting vectors are shown in figure 4.4.2a-d. The

dislocations are in contrast when imaged With _= (220) and (2.00) and out of contrast with

_= (020) and (| 11). Clearly, the Burgers' vector of these dislocations is 1/21101]. The

dislocations are paired and clearly exhibit planar slip; the slip plane was determined by trace

analysis to be (ill) for the particular dislocations in figure 4.4.2. The pairs were

determined to be superpartials and not dislocation dipoles, since, on imaging them with +g

and -g, no change in separation was observed [104]. The dislocations appear to pile up at

the grain boundary. The separation
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Figure 4.4.1 Dislocations in the pro-eutectic 13'phase in extruded, multi-phase Ni-20A1-

30Fe, strained -2% at room temperature. Imaging conditions: (a) Cj_= [10i] (b) _ = [1 i

)o1(c)_ = [oil] (d)_ = [o201.

for (d).

Beam directions near [111] for (a), (b) and (c) and [101]
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Figure 4.4.1 continued

121

, . , ,, • •4J

...... , ,:-_._.,_H



a)

b)

\

200

%

1L

i

_, I_ _ ,

120 n_ _-

Figure 4.4.2 Dislocations in the eutectic Y/7' phase in extruded, multi-phase Ni-20AI-

30Fe, strained -2% at room temperature. Imaging conditions: (a) _= [220] (b) _ - (2

)00) (c) _' = (020) (d) _ = (i11).

[101] for (d).

Beam directions near [001] for (a), (b) and (c) and
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Figure 4.4.2 continued
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betweenthe superpartialsis about 15nmat the headof the pile-up, and increaseswith

distanceawayfrom theboundary,suggestingthattheAPB energydecreaseswith passage

of dislocationson the slip plane. This supportsthe ideaof slip planedisordering[105],

where the disorder is deducedto arise from the shearingof the _ precipitatesby the

passageof dislocationsresultingin adecreasein thenetareaof orderedprecipitatesalong

the slip plane therebyreducingthe degree.oforder. Also, the 'scalloped'appearanceof

dislocationsin the_,/y'phaseis similar to theobservationsby Hortonet al.[106]andBaker

et al.[107]duringin-situ strainingof single-phaseNi3A1whichhasbeensuggestedto arise

from thepinning of slip dislocationsby faulteddislocationloops(with a Burgers'vector

not in theoriginalslip plane). Theseareproducedby thepassageof manyslip dislocations

of thesameBurgers'vectorin athin slip band. Alternatively,the'scalloped'appearanceof

dislocations in the y/_ phase could simply be related to the bowing of discontinuous

dislocations around '_ precipitates.

Figure 4.4.3a-d shows the dislocations in a sample of the 13' alloy, Ni-30A1-20Fe,

strained to fracture and imaged with different diffracting vectors. The dislocation structure

is similar to that in the pro-eutectic phase of the multi-phase alloy at similar strain levels

(fig. 4.4.1). The dislocations labelled 'A' and 'B' are in contrast when imaged with 7=

(200) and (i01) and exhibit invisibility when imaged with _= (020) and (0i 1). The

Burgers' vector of dislocations was, thus, found to be <100>. (Again, note the residual

contrast when the screw or edge dislocation invisibility criterion is satisfied). The

observation of dislocations of <100> Burgers' vectors in double-extruded 13' Ni-30A1-

20Fe is consistent with earlier analyses of Burgers' vector in the pro,eutectic 13'phase of

the multi-phase alloy Ni-20A1-30Fe.

Figure 4.4.4 shows the distribution of dislocations in the two eutectic phases of the

multi-phase alloy after -2% strain. The dislocation density is much higher in the 13'phase

than the _,/y' phase, a feature probably related to the higher work-hardening rate of the 13'

phase (Ni-30A1-20Fe) than the _'/_/phase (Ni-12A1-40Fe) (see fig. 4.3.1). Note also
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a)

b)

Figure 4.4.3 Dislocations in the /3' phase in extruded Ni-30AI-20Fe, strained to failure

(-2%) at room temperature. Imaging conditions: (a)-_=[200] (b)'_=[1011 (c) _=[020]
(d) _=[011]. Beam directions near [011], [111], [101] and [111] for (a), (b), (c) and (d)

respectively.
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Figure 4.4.3 continued
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Figure 4.4.4 TEM micrograph of extruded, multi-phase Ni-20A1-30Fe, strained -2% in

compression. Note that the dislocation density is higher in the [3' phase than in the y/'{

phase. Also, note the absence of any ledges arising from the deformation process at the [3'-

y/y' interface.
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that, while Field et a1.[97] reported the observation of ledges at the interphase interfaces

arising from the deformation process, no grain boundary ledges or evidence of dislocation

transmittal across the interface were observed in thin foils made from bulk-deformed

material.

4.4.2 Room Temperature TEM In-Situ Straining Experiments

The deformation mechanisms in bulk samples strained -2% at room temperature

have been determined above; the Burgers' vectors of dislocations in 13' and y/y' phases of

the extruded multi-phase alloy were determined to be, respectively, <001> and <110>.

While the slip in the y/y' phase was planar, no dislocation pile-ups were observed in the ]3'

phase. The latter observation was in contrast to those by Field et a1.[97], who reported slip

bands in both ]3' and y/y' grains of rapidly solidified ribbons of Ni-20A1-30Fe.

Interestingly, while Field et al.[97] also reported the observation of both <001> and

<111> dislocations in the 13' phase of the rapidly solidified multi-phase alloy ribbon and

deformation-induced ledges at the interphase interface, no <111> dislocations or

deformation-induced grain boundary ledges were observed in the extruded alloys. A

mechanism of deformation transfer across the 13'-7/Y' interfaces of rapidly solidified Ni-

20A1-30Fe, as proposed by Huang et al.[108], could not be reconciled with the

deformation mechanisms as observed in the extruded multi-phase alloys. To resolve the

differences between these two investigations, it was decided to study the deformation

behavior of the extruded multi-phase alloy by in-situ straining in a TEM.

Specimens for in-situ straining were prepared from transverse sections of the

extruded alloy. Figure 4.4.5 shows the geometry of the specimens and its relation to the

extrusion axis. The specimens were mechanically ground to 0.25mm thickness and jet-
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polished to perforation, asfor the 3mm disksdescribedearlier.

strainedin asingletilt strainingstage.

I EX'/'R u,_lo N
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SPECl MEN

The specimens were

Fig. 4.4.5 Geometry of in-situ specimens and their relation to the extrusion axis.

It is important to note that the stress axis for the in-situ specimen was normal to the

extrusion axis (unlike the thin foils examined from bulk deformed material where the stress

axis coincided with the extrusion axis). Also, the Kurdjumov-Sachs relationship is

observed between the eutectic phases when viewed along the extrusion axis (normal to the

in-situ specimen surface). The geometry of the specimen (stress axis and arrangement of

grains satisfying the orientation relationship) is similar to that in the rapidly solidified

ribbon examined by Field et a1.[97]. This similarity allows a comparison between the

rapidly solidified and extruded Ni-20A1-30Fe.

Preliminary experiments on the as-extruded alloy specimens proved difficult due to

the magnetic nature of the specimen and the small scale of the microstructure (0.5_tm

lamellae width) which made tilting experiments difficult. Subsequently, the specimens

were annealed at 1275°C for 3 hrs. followed by furnace cooling to room temperature at a

controlled rate (5°C/min) to coarsen the microstructure. This made observation of

dislocation substructures in individual phases easier.

Figure 4.4.6 is a low magnification TEM micrograph of the region under study

showing the 13' phases (labelled 'B') and 2,/3/phases (labelled 'G'). Figure 4.4.7 is a

sketch of the region; note that the [3' grain marked '2' is not visible in fig. 4.4.6 and is
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situatedbelow the7/q/grain. A twin (identifying feature)is observedin theY/'Y'grain.

Upon straining, the first crack appearedin the 13'grain marked'1' (seefig. 4.4.6). The

crack in the 13'phaseis indicativeof its relativelybrittle nature;simultaneously,a thin slip

band(arrowedin fig.4.4.6) in the1'/1/phase,running from the 13'grain '1' to the13'grain

'3', wasobserved. No slip bandswere,however,observedin the 13'grain. With further

strain increments,the crack in the 13'phasewasobservedto grow and stopat the y/q/

boundary,fig.4.4.8. Interestingly,unlikeobservationsin bulk specimenswherenocracks

wereobservedin they/q/phaseof Ni-20A1-30Fesamplesstrainedto failure, crackswere

observedto form in they/q/phaseof in-situ strainingspecimensby thinningof aprior slip

band,seefig.4.4.9. It is worthnotingthat thecracksin the13'andy/q/phasesdid not join

with further strainincrements,rather,thecrackin the13'grainwasblunted,seefig.4.4.10.

This observationis consistentwith observationsin thebulk-deformedspecimenswhere

cracks nucleated in the 13'phasewere observed to be arrestedat the y/y' phase.

Interestingly, the crack in the _'/Y'grain was transmitted to the adjacent 1_'grain

(fig.4.4.10), a phenomenonnot observedin the bulk-deformedspecimenswherepost-

failure analysisof specimensindicatedcracksonly in the13'phase(seeFig. 4.3.3). With

additional strain, a new crack was initiated in the 13'grain '2' while slip bandsin the

adjacent y/y' grain were observedto be reflected at the 13'grain '1', seefig. 4.4.11.

Althoughno dislocationactivity wasobservedin the13'phaseat theheadof theslip band

(in they/q/phaseat thepoint of intersectionwith thegrainboundary),it is possiblethatthe

dislocationsareoutof contrast.Intensedislocationactivity was,however,observedatthe

headof thecracktip in the 13'phase,fig. 4.4.12. Furtherstrainingled to thereorientation

of thecrack in the13'phase(turning sharply,almostat fight angles,fig. 4.4.13)alongthe

grainboundaryin the13'-7/_/'interface(fig. 4.4.14),joining oneof thereflectedslip bands

in the1,/1/phase(fig.4.4.15), andthenproceedingalong the slip bandin they/q/phase

(fig.4.4.16)by thinningof materialasshownearlier. It shouldbenotedthatno significant

planarslip activitywasobservedin the13'phaseexaminedabove.
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Figure 4.4.6 Low magnification TEM micrograph of the portion of the multi-phase alloy

thin foil examined in detail during in-situ straining.

"c/r'

/tl

Figure 4.4.7 A schematic of the region of thin foil under investigation. Note that part of

this schematic is shown in the above figure.
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Figure 4.4.8 The crack in the 13' phase in fig. 4.4.6 grows with additional strain and is

arrested at the y/_' interface.

Figure 4.4.9 Unlike the bulk-deformed samples, thin foils of the y/y' grain were

observed to crack due thinning of material (intense dislocation activity) within the slip

band.
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Figure 4.4.10 Cracks in the 13' phase were observed to be blunted at the 13'-1'/11'interface

during in-situ straining. Also, the cracks in the 7/'Y' phase were transmitted to the more

brittle 13' phase.

Figure 4.4.11 Slip bands in the 7/)" phase were observed to be reflected at the 13'-7/)"
J ,

interface.
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Figure 4.4.12 Intensedislocationactivity wasobservedat theheadof thecracktip; note

thatthedeformationin the13'phasefor thisorientationis homogeneous(i.e.non-planar).

Figure 4.4.13

interface.

With additional strain, the crack in fig.4.4.12advancesto the interphase
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Figure 4.4.14 The crack in the 13' phase after encountering the_),h/' phase re-orients itself

along the

Figure 4.4.15 With additional strain, the re-oriented crack (in previous figure, _ joins one of

the existing slip bands in the 't/_' phase.
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Figure 4.4.16 With further strain increments, the crack in previous figure, after joining

with the slip band in the "1'/7'phase, advances along the slip band by thinning of material as

shown earlier in figure 4.4.9.

Figure 4.4.17 TEM micrographs from regions separate from those shown in fig. 4.4.6

showing planar slip activity in both the 15' and 7/7' phases. The 13'grain is to the left of the

interface.
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Figure 4.4.18 SAD pattern from the 13' phase in previous figure. Beam direction near [001].

Comparing figs. 4.4.17-18, the slip plane of dislocations in the 13' phase appears to be {100}.

Figure 4.4.19 SAD pattern from the y/y' phase in figure 4.4.17. Beam direction near [112].

Comparing figs. 4.4.17& 19, the slip plane of dislocations in the y/"{ phase appears to be {111 }.
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Figure 4.4.20 In-situstrainingTEM micrograph showing a jogged _3'-y/y'interface

(ledge).

! _ _i ¸

I ¸ i i ....

Figure 4.4.21 TEM micrographs from regions distinct from those shown in either fig.

4.4.6 or in fig. 4.4.17. The micrograph again shows a slip band in the y/y' phase

intersecting the _3'-y/_: interface with the 113'grain to the left of the micrograph. Intense

dislocation activity is observed in the [3'phase at the head of the pile-up.
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Figure 4.4.22 Higher magnification image of dislocations in the slip band in the y/_/phase

in the previous figure showing the dislocations to be bowed in the direction towards the 13'-

y/_ interface. Thus, figures 4.4.21-22 indicate transfer of deformation from the ),/y phase

to the ]3' phase.

Figure 4.4.23 TEM micrograph indicates that the reverse deformation tr_sfer process,

that is from the 13' phase to the y/'y' phase (note the direction of dislocation bowing), was

also operative.
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Figure 4.4.24 In-situ straining TEM micrograph showing the transfer of deformation from

13'phase to the y/y phase and vice-versa.

Figure 4.4.25 A g-'/3g weak-beam image of the dislocation pile-up in the 13'phase (fig.

4.4.24) showing single rather than paired dislocations which is consistent with the

expectation for <100> Burgers' vector.
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Figure 4.4.17, by contrast, is a micrograph from a different region of the foil

showing planar slip in both 13' and _,/_/' phases and deformation transmittal across the

interphase interface; note that the 13'grain is to the left of the interface and that the direction

of deformation transmittal, that is, from 13'to _,/_/' or vice-versa, is not clear. The thin slip

bands in both phases are indicative of the viewing direction being almost end-on to the slip

plane. Since the diffracting vector _hkl is normal to a plane of indices (hkl) in the

reciprocal lattice space, and because the planes are viewed almost end-on, selected area

diffraction patterns from both phases (figures 4.4.18-19) indicate a (100) and (111) slip

plane for the 13' and 7/_/' phases respectively. The beam directions are also close to [001]

and [112] for the 13' and y/_/' phases respectively, indicating that the two grains do not

satisfy Kurdjumov-Sachs relationship. Figure 4.4.20 is a micrograph showing the same

interface as in figure 4.4.17 but a different pair of aligned slip bands. Note that the

interface is jogged (an'owed) which is indicative of slip transfer across the interface for

these two specific grains.

Jogged interfaces or aligned slip bands in 13' and 7/_/' phases are not the sole mode

of deformation transfer across the interface. For example, fig.4.4.21 is another

micrograph of the interphase interface, the 13' and _,/_/' grains are labelled 'B' and 'G'

respectively. Note that the interaction between the slip band in the Y/'Y'phase and the

interface causes generation of dislocations in the 13'phase without any obvious slip band or

relationship. Figure 4.4.22 is higher magnification image of dislocations in the slip band in

y/'/' phase (fig.4.4.21); note that the curvature of dislocations in the slip band is indicative

of dislocations piling up at the interphase interface thereby generating a stress which is

relieved by the generation of dislocations in the 13' phase. The reverse process, that is,

deformation transmittal from 13'to 1,/1/grains is also visible (fig. 4.4.23, note the direction

of bowing of dislocations in the 5,/_ phase). In contrast to the observations by Field et

a1.[97] who reported only the passage of dislocations across the interface along properly

aligned slip bands as the mechanism of deformation transfer, the deformation transfer by
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stress-assistednucleation of slip under the stressfield of a pile-up wasalso observed

frequently.

Interestingly, fig.4.4.24 is a micrograph where both the above-mentioned

deformationmodesareobservedsimultaneously.Again, the13'grain is to the left of the

interface. For the slip bandmarked'X' in the 13'grain,the curvatureof dislocationsand

increasingspacingbetweendislocationswith increasingdistancefrom the interfaceare

indicative of dislocationspiling up at the grain boundary. Similarly, judging from the

directionOfbowing,dislocationsin theslip bandin they/y phasearealsoobservedto pile

up at the boundary,meetingthe boundaryalmostat the intersectionpoint of the 13'slip

bandwith thegrainboundary.Theresultingstressgeneratedat theboundaryisrelievedby

generationof dislocationsonbothsidesof the interfaceincludingaslip band(marked'Y')

in the 13'phase(note the direction of bowing of arroweddislocations). A weak beam

image (fig. 4.4.25) of dislocations in the slip band in the 13'phaseindicate single

(unpaired)dislocationswhich is consistentwith expectationfor dislocationswith <100>

Burgers'vector. The aboveexperimentsconfirm thatoneof thefactorsresponsible

for goodductility in the multi-phasealloy is arrestof cracksgeneratedin the 13'phaseby

the7/Y' phase. The observationof cracks in the 7/_/'phasegeneratedby thinning of

material in the slip band due to intensedislocation activity is unique to the thin-foil

specimen,presumablydueto differencesin geometry(limited thickness)andstress-state.

Similarly, the observation of planar slip in the [3'phaseis also not consistentwith

observationsin thebulk deformedspecimens.The lower ductility reportedby Field et

a1.[97] in rapidly solidified ribbons compared to those observed in extruded bulk

specimensis possiblyrelatedto thegenerationof cracksin they/_/'phaseby thinning of

material along the slip band and transmittal of such cracksto the 13'phase. In-situ

experiments,however, do confirm the deformation transmittal across the interphase

interfaceto beanadditionalfactorcontributingto theductility of the multi-phase alloys.
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4.4.3 Elevated Temperature

Theroomtemperaturedeformationbehaviorof thecastandextrudedmulti-phase

alloy and alloys similar to its constituentphaseshave beennoted above. Briefly, the

observedoperativeslip vectorin the13'alloy Ni-30A1-20Feandthepro-eutectic13'phaseof

the multi-phasealloy was<100>. TheBurgers'vectorof dislocationsin the_'/7'phaseof

the multi-phasealloy wasobservedto be<110>,with the 1/2<110>dislocationpartials

easilyresolvable.

Thin foils fromgaugesectionsof themulti-phasealloy samplesstrainedto failureat

427°Cand 627°C,andup to 70% at 827°Cwereexaminedin theTEM. Thin foils from

samplestestedat 427°Cexhibitedahighdislocationdensityin boththe13'and_,/yphases.

The dislocation densitiesin both the 13'and_t/y'phaseswere, however, observed to

decreasewith increasingtest temperatures.At 827°C, the deformed microstructure was

almost dislocation-free. Low angle boundaries were observed within the deformed grains

of both 13' and T/]" phases at 627°C and 827°C, indicating that recovery processes

contribute to the elevated temperature deformation of the multi-phase alloy. The occurrence

of dynamic recrystallization in the 13' phase at 827°C could not be proved unambiguously

due to the difficulty in differentiating between dynamically recrystallized new, dislocation-

free grains from prior existing small (~0.51.tm width) 13' grains from a dynamically

recovered deformation substructure. However, as noted earlier, optical micrographic

observations (fig. 4.3.13d) indicated the occurrence of dynamic recrystallization in the pro-

eutectic 13'phase at 827°C. Furthermore, the wavy nature of the grain boundaries (which is

usually indicative of dynamic recrystallization processes) observed in the 13' alloy, Ni-

30A1-20Fe strained to failure at 827°C (fig. 4.3.15b) also support such a conclusion.

Thus, while recovery processes are active in both the 13'and T/Y phases during the elevated
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temperature(627°C - 827°C) deformationof the multi-phasealloy, it is possible that

dynamicrecrystallizationalsooccursduringdeformationof the13'phase.

For the13'alloy, Ni-30A1-20Fe,thin foils from tensilespecimensstrainedto failure

(-27% strain) at 627°C (fig. 4.4.26b)exhibited a lower dislocation density than that

observedfor -2% strainat roomtemperature(fig. 4.4.26a);sub-grainformationwasalso

observed.Thin foils from gaugesectionsof samplesstrained97% at827°C(fig. 4.4.26c)

exhibitedevenanlowerdislocationdensity;again,sub-grainformationwasobserved.The

low dislocationdensitiesandlow angleboundariesareindicative of recoveryprocesses

beingoperativein the13'alloy Ni-30A1-20Feat both627°Cand827°Candareconsistent

with theobservationsfor the13'phase of the multi-phase alloy reported above.

For the purpose of analysis of elevated temperature deformation mechanisms, a

multi-phase alloy specimen was strained only 5% and thin sections prepared from its gauge

sections and analyzed in the TEM. The microstructure consisted mostly of grains free of

dislocations, although a few grains with low dislocation densities were also observed.

Figure 4.4.27 shows a dislocation network in the 13' phase along with two individual

dislocations imaged with different diffracting vectors. The individual dislocations

marked"a" and "b" and the segments of the dislocation network marked "c", "g" and 'T' are

in contrast with imaged with _ = 10i and 0i 1 and out of contrast with _ = 200 and 1 i0,

indicating a [001] Burgers' vector. By contrast, the segment marked "e" was in contrast

with _ = 10i and li0 and out of contrast with _ = 0il and 200, indicating a [011]

Burgers' vector, see fig. 4.4.27a-c. Similarly, the segments 'T', "h" and "j" exhibit

contrast consistent with [001], [i00] and [i01]. The [i01] appear to have formed by the

dislocation reaction [001] + [i00] -> [i01]. The residual contrast of dislocations when the

invisibility criteria for screw _.'_ = 0 or for edge dislocations (_. "i_ = 0 and _. l_×i_

= 0) were satisfied was probably due to the high elastic anisotropy of the 13' alloy.
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a)

b)

Figure 4.4.26 Bright-field TEM micrographs of 13' alloy Ni-30AI-20Fe deformed (a) 2%

at room temperature (b) -27% at 627°C (c) ~97% at 827°C. Note the decrease in

dislocation density with increasing deformation temperature.
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c)

Figure 4.4.26 continued
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a)

b)

Figure 4.4.27 Dislocations in the 13'phase in extruded multi-phase Ni-20A1-30Fe, strained

-5% at 827°C and air-cooled to room temperature. Imaging conditions: (a) _ = (020) (b)

= (0]1) (c) _ = (200). Beam direction near [101] for (a), near [111] for (b) and near

[001] for (c). (d) A schematic sketch of the network indicating their Burgers' vectors.
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c)

d)

_OOI ]

Figure 4.4.27 continued.
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Figure 4.4.28 shows a dislocation network in the _,/_/' phase of the multi-phase

alloy. The dislocations in the network were in contrast when imaged with g= (020) and

(220) and out of contrast when imaged with g = (220), which is consistent with a <110>

Burgers' vector which, again, is similar to the room temperature observations. It should

be noted, however, that at 827°C the dislocations are unit dislocations ( l_ = 1/2<110>)

rather than paired. This is consistent with the microstructure of the fcc-based phase being

disordered T only rather than T/_' (see section 4.2.2).

Since the Burgers' vectors of dislocations strained at 27°C and 827°C are similar in

both the 13' and T/_/' phases, it would be reasonable to presume similar deformation

mechanisms being operative at intermediate temperatures 427°C and 627°C.

4.5 Creep Behavior

The creep behavior of the multi-phase alloy, Ni-20A1-30Fe, and the alloys similar

to its constituent phases were examined in compression at 827°C at a constant load

corresponding to an initial stress of 60 MPa. Although the alloys Ni-30A1-20Fe and Ni-

12A1-40Fe were chosen based on the room temperature microstructure of the multi-phase

alloy to represent the constituent 13' and _//_/' phases, the nature of the Ni-Fe-A1 ternary

phase diagram at higher temperatures resulted in these alloys being multi-phase themselves

at 827°C. Since the volume fractions of precipitate phases were observed to be small,

these alloys are still referred to as only 13' and _//_/' respectively. The degree to which the

small volume fraction of discontinuous grain boundary precipitates influences the creep

behavior of the 13' or _,/_ alloys is not clear.

Figure 4.5.1 shows a comparison of the creep rates at 827°C of the as-extruded

multi-phase alloy and alloys similar to its consituent phases. While the T/_' phase is very

creep resistant for the stress applied, both the 13' alloy and the multi-phase alloy creep
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a)

b)

Figure 4.4.28 Dislocations in the ), phase in extruded multi-phase Ni-20A1-30Fe, strained

-5% at 827°C and air-cooled to room temperature. Imaging conditions: (a) _ = (020) (b)

= (220) (c) _ = (250). Beam direction near [001] for (a), (b) and (c).
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c)

Figure 4.4.28 continued.
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rapidly. To a first approximation, the creep properties of the multi-phase alloy would be

expected to be intermediate between those of the 13' alloy and those of the Y/7' alloy. That

the as-extruded multi-phase alloy and the 13' alloy exhibit similar creep rates indicates that

either the 13' phase governs the creep behavior of the multi-phase 13'+7 aggregate or the

creep properties are strongly affected by the scale of the microstructure.

Nathal et al. [109] have shown that for the 1'/1/ superalloy NASAIR100, alloys

similar to its constituent 7' phase were more creep resistant than the 3, phase. Furthermore,

the two-phase 7/Y' alloy was more creep resistant than either single phase y and Y' alloys,

indicating the importance of Y/?' interfaces in improving creep properties. Thus, for the Ni-

Fe-A1 alloys, it is possible that, while a fine dispersion of ordered 7' precipitates in a

disordered (Y) matrix may result in improved creep properties, the inherent creep properties

of the disordered y phase itself may be poor, thereby leading to the observed poor creep

properties of the multi-phase [3'+), alloy.

An alternative explanation for the poor creep properties of the multi-phase alloy is

the fine scale of the microstructure, since time-grained alloys are generally known to exhibit

worse creep properties than coarse-grained alloys. Interestingly, K16wer [110] has studied

the effect of lamellar spacing on the creep behavior of directionally solidified (lamellar

eutectic) Ni-18A1-40Fe at 800°C. At 800°C, Ni-18A1-40Fe was reported to be two-phase

13'+% similar to the phases present in Ni-20A1-30Fe at 827°C studied here. With

decreasing spacing, the creep resistance of Ni-18A1-40Fe became increasingly higher than

that of the coarse alloy [110]. It was suggested that the narrowly-spaced interfaces gave

rise to additional strengthening, the threshold creep stress being inversely proportional to

the interlamellar spacing, a behavior commonly observed in dispersion-strengthened alloys

[110]. Interestingly, for temperatures between 800 and 1000°C, Vandervoort et al. [111]

and Yang and Dodd [ 112] reported a decrease in creep rate of NiA1 with decreasing grain

sizes and increasing deviation from stoichiometry. In contrast, Whittenberger [16], while

conf'trrning the above-mentioned trend of increased creep resistance with decreased grain
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sizes(<151.tm)andincreasingdeviationfrom stoichiometry,alsodemonstratedthat low

strainratesandhigherdeformationtemperatures(927-1127°C)minimizedsuchdisparaties

in observedcreeprates.

To test the influence of the scaleof microstructureon the creepproperties,the

compressivecreeppropertiesof thecoarsenedmulti-phasealloy (producedby annealingat

1275°Cfor 3hrsandfurnacecoolingat 5°C/min)weremeasuredat 827°Cataninitial stress

of 60 MPa. Figure 4.5.2a-bof polishedlongitudinalsectionsof creptsamplesshowsthe

differencesin the microstructureof the as-extrudedandcoarsenedalloy. Note that the

microstructureshowedonly minor changesduring testing,the changesbeinglimited to

mainly thepro-eutecticphasewhichwasobservedto betransformedby deformationfrom

its coarse,elongated morphology into many fine and equiaxed units. The results

(fig.4.5.1)indicatethatcoarseningthemicrostructureresultsin improvedcreepproperties,

the creepratebeingintermediatebetweenthoseof the 9' and_t/'l(phases.Sincetheonly

differencebetweenthetwomicrostructuresis thereducednumberof grainboundariesand

interphase-interfacesfor thecoarsenedalloy,grainboundaryslidingandinterracialsliding

wereconcludedto beanimportantfactorcontributingto thecreepof themulti-phasealloys.

This result is at odds with the work of KRiwer[ll0] which suggeststhat an increased

interfacial areato bebeneficialto creepproperties. Thedifference,however,lies in the

processingroutesof thealloys, which leadto differencesin the natureof the interfaces.

While the interfacesin the castand extrudedalloy arelikely to be incoherentdueto the

recrystaUizationfollowing thehot-extrusionprocess,thoseof Klt_wer[110]arelikely to be

semi-coherent(dueto directionalsolidification)sincesuchsemi-coherentinterfaceshave

alreadybeenobservedfor directionallysolidifiedNi-20A1-30FebyLarsen[113].

Thestressexponentsof themulti-phase,[_'and_//_/alloywerenotcalculateddueto

scatterin thedata.

Thin foils of as-creptmicrostructuresof themulti-phasealloy, Ni-20A1-30Fe,and

the 13'alloy, Ni-30A1-20Fe,wereexaminedusingtheTEM. Both the 13'alloy andthe [_'
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phase of the multi-phase alloy exhibited sub-grain structures. For example, figure 4.5.3a

shows the subgrain structure observed in the _' phase of the multi-phase alloy which crept

in compression at 827°C. The Burgers' vector of the dislocations in the sub-boundary

were determined by the standard g.b analysis to be <001> type. Jung et al. [114] have

studied the creep behavior of both nickel-rich and iron-rich 13' (Ni,Fe)(Fe,A1) alloys. For

nickel-rich _' alloys, both a well-defined subgrain structure formation and <100>

dislocations were observed, consistent with the observed creep behavior of the _' alloy Ni-

30A1-20Fe in this study. A well-defined subgrain structure is characteristic of climb-

controlled creep, often referred to as pure metal type creep [89]. For iron-rich Ni-Fe-A113'

alloys[114], the deformation substructure is characteristic of glide-controlled alloy-type

[89] creep, which is indicative of the increased resistance to dislocation mobility by

increasing iron additions. Thus the creep behavior (climb or glide controlled) of Ni-Fe-A1

_' alloys is strongly dependent upon solute (Ni/Fe ratio) effects on dislocation mobility.

Figure 4.5.3b shows the dislocation substructure in the )' phase of the multi-phase

alloy after creep deformation at 827°C, in which the dislocations were observed to be

arranged to form subgrains, similar to the 13' phase. The Burgers' vectors of the

dislocations were determined, by imaging them with different diffracting vectors, to be

<110>. Unlike room temperature deformation where the dislocations were observed to be

paired, these dislocations are unit 1/2<110> dislocations and are consistent with the

expectation of unpaired dislocations in a disordered microstructure.

Examination of the deformed substructure indicated that both 13' and y phases

contribute to the creep behavior of the multi-phase alloy. For the as-extruded alloy (fig.

4.5.2a), the deformed microstructure was similar to that observed in tension at 827°C (see

fig. 4.3.13d), although, unlike deformation in tension, no voids were observed during

compressive creep deformation. The deformation mechanisms observed during constant-

load creep deformation are similar to those observed during constant cross-head speed

tensile tests at 827°C reported earlier.
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4.6 Summary

The microstructure of the multi-phase alloy, Ni-20A1-30Fe, processed through a

casting and hot-extrusion route, consisted of a pro-eutectic 13' phase in a fine (0.51.tm

lamellae width) eutectic. The eutectic consisted of 13'+y(fcc) phases; the ), phase itself

contained y' (ordered fcc or L12-smactured) precipitates. The microstructures were also

examined after water quenching following annealing at 427°C, 627°C and 827°C. The

microstructure of the multi-phase alloy at 427°c and 627°C was similar to the room

temperature microstructure but at 827°C, the 7' dissolved. The alloy Ni-12A1-40Fe, which

was of similar composition to the eutectic _,/7' phase, while exhibiting a "//y microstructure

from room temperature to 627°C, also exhibited a 13'+Y/'Y'microstructure at 827°C instead

of the 9'+), microstructure expected from the phase diagram. The 7' precipitates were

observed to coarsen with increasing temperatures. The 13'alloy, Ni-30A1-20Fe, which was

of similar composition to the pro-eutectic and eutectic 13' phases, exhibited an equiaxed

microstructure at room temperature with a thin (-10nm), discontinuous iron-rich grain

boundary film. At 627°C, both ',//_ and _/precipitates were observed instead of only 3' as

predicted by the phase diagram. At 827°C, however, the microstructure was again two-

phase 13'+% which was consistent with the phase diagram.

When tested in tension at room temperature, Ni-20A1-30Fe exhibited up to 20%

elongation and a yield strength up to 850 MPa. Examination of polished longitudinal

specimens and TEM in-situ straining experiments suggested both crack stopping action by

the y/7' phase and deformation transfer across the 13'-_,/_/'interfaces to be important factors

contributing to the ductility of the alloy. In contrast, the alloy Ni-12A1-40Fe, exhibited

28% tensile elongation and a yield strength of 507 MPa; the alloy deformed by <110> slip.

Finally, the [3' alloy, Ni-30A1-20Fe, exhibited a yield stress of-800 MPa but up to 6%

tensile elongation.
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At elevatedtest temperatures(427°C, 627°Cand 827°C), the multi-phasealloy

exhibitedincreasedductility, reachinganelongationin excessof 70% at 827°Cwithout

neckingor fracture. The y/y' phase,however, showedgreatly reducedductility with

increasingtemperatureand wasbrittle at 627°C and 827°C. In contrast,the 13'phase

demonstratedincreasedductility with increasingtesttemperatures.Thus,whilst atroom

temperaturethe y/y' phaseimproved the ductility of the [3'+ y/y' aggregate,at elevated

temperaturesthe 13'phasealleviatedthebrittlenessof they/y' phase,therebypreventing

anyembrittlementof the multi-phasealloy over thetemperaturerange27-827°C. Also,

whilst the]3'phaseimprovedthe roomtemperaturestrengthof the multi-phasealloy, at

elevatedtemperatureswherethe [3'phaseis knownto beweak, they/y' phaseimproved

the strengthof themulti-phasealloy up to 627°C,beyondwhichthe strengthdeteriorated

dueto disorderingandlackof anomalousstrengtheningin the7/_ component.

The differencesin the scaleof the microstructuresbetweentheboron-dopedand

undopedmultiphasealloyspreventeda rigorouscomparisonof the influenceof boronon

themechanicalproperties.Thelimited microstructuralanalysisandmechanicaltestingof

boron-dopedalloys,however,suggestedthatmicroalloyingdid notsignificantlychangethe

mechanicalbehaviorof themulti-phasealloy.
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CHAPTER 5

ANNEALING EFFECTS ON ROOM TEMPERATURE
MICROSTRUCTURE AND MECHANICAL PROPERTIES

In this chapter, the effect of annealing in the temperature range 27°C to 1200°C on

the room temperature mechanical properties are described. These experiments were

undertaken in order to explain the differences in the mechanical properties of the multi-

phase alloy Ni-20A1-30Fe and the 13'alloy Ni-30A1-20Fe after different extrusions. Since

the first extrusions were sand-cooled following extrusion while the second extrusions were

air-cooled, the mechanical properties of the undoped and boron-doped multi-phase alloys

and alloys similar to its constituent phases, were examined in an annealed state so as to

detect any difference from the as-extruded state. Samples from the double-extruded multi-

phase and 13' alloys and the single-extruded boron-doped multi-phase alloy and T/Y alloy,

were annealed at different temperatures for a constant time of -200 min and water

quenched. Room temperature hardness and tensile tests were performed on these annealed

samples and their microstructures examined in a TEM.

5.1 Microstructures

Multi-phase 13'+T/_/Ni-20A1-30Fe

The room temperature microstructure of the double-extruded multi-phase alloy was

reported earlier and the compositions of the constituent phases given in Table 4.2.1.

Examination of the microstructure in a TEM indicated that the 13'pro-eutectric grains were

oriented close to a <111> zone axis. A strong tweed contrast was also observed in the 13'

grains.
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Figure 5.1a is a superlatticedark-field imageof the pro-eutectic13'phasein the

multi-phasealloy after annealingat 500°C. A strongtweedcontrastis observedandthe

microstructureis two-phase,that is, a dispersionof fine (-2-3 nm), disordered(13phase

which appearsdark undersuperlatticedark-field imaging) precipitatesin the ordered]3'

matrix. Superlatticedark-field imagesof they/y'phase(figure 5.1b),by contrast,show

ordered(bright)precipitatesin adisordered(dark)matrix. Thesizeof theprecipitates(-10

nm) is similar to thoseobservedin the double-extrudedstate. For multi-phase alloy

samplesannealedat 750°C for -200 min., some differences were observed in the

microstructure from that at 500°C. Superlattice dark-field imaging of the pro-eutectic 13'

(figure 5.2a) and eutectic y/_/' (figure 5.2b) phases indicated a single phase microstructure

for the 13' phase and a two-phase (ordered precipitates in a disordered matrix)

microstructure for the y/_/' phase. Note that the size of the ordered precipitates (-20 nm) is

almost twice that of those in the double-extruded alloy. Figure 5.3a is a bright field image

showing the pro-eutectic 13' plus eutectic lamellae; note the negative curvature of the 13'

grain and the precipitates (arrowed) at the [3'-13' boundary. These precipitates are thought

to have precipitated during the annealing treatment. Figure 5.3b is a higher magnification

image of the same boundary showing that the precipitates are ~l_tm in diameter. Figures

5.3c is a convergent beam diffraction pattern from the second largest grain boundary

precipitate. Based on the Kikuchi pattern, the grain boundary precipitate was identified to

be of f.c.c symmetry and no superlattice spots were observed which indicates that the

precipitate was disordered.

y/'_ Ni- 12A1-40Fe

After annealing at 500°C for 200 mins., small precipitates, typically -100 nm in

diameter, were observed at the grain boundaries, although occasionally elongated

precipitates were also observed, see figure 5.4a. EDS measurements from the precipitates

from regions adjacent grains indicate that the precipitates were enriched in A1. Since the A1
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a)

b)

Figure 5.1 Superlattice dark-field images for (a) [3'phase (b) T/_' phase in the multi-

phase alloy Ni-20A1-30Fe annealed at 500°C. The micros_'ucture of the 13'phase is two-

phase (~2-3 nm disordered b.c.c precipitates in the ordered matrix) while the size of y

precipitates is -10nm.
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a)

b)

Figure 5.2 Superlattice dark-field images for (a) 13' phase (b) 'y/),' phase in the multi-

phase alloy Ni-20A1-30Fe annealed at 750°C. The 13'phase is again single phase while the

size of _ precipitates is -20nm.
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a)

b)

Figure 5.3 (a) Bright-field TEM micrograph of the multi-phase alloy annealed at 750°C

showing 13'grains with negative grain boundary curvature and precipitates (arrowed) at the

13'-13' interface (b) higher magnification image of the precipitates at the [5'-13' grain

boundaries (c) convergent beam diffraction pattern (<112> pole) from the grain boundary

precipitate showing a disordered f.c.c 0') structure.

ORIGINAL PAGE

164 BLACK AND WI-.',ITE P_-_OTOGRAPN



c)

Figure 5.3 continued
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contentsin the Ni-Fe-A1 13'alloys arehigher than they/_f phases,the Al-enrichments

indicativeof theprecipitatesbeing13'.Convergentbeamelectrondiffraction patternsfrom

thegrainboundaryphasein figure 5.4aindicateanorderedb.c.ccrystalstructure,seefig.

5.4b. Superlatticedark-field imaging showedthat the grainswerestill y/_, figure 5.4c,

with thesizeof theorderedprecipitatesin thedisorderedmatrixbeingsimilar (-10 nm)to

thosein theas-extrudedstate.

Whenannealedat 750°Cfor 200 min., thematrix microstructurewasstill ),/y'but

the size Of the orderedprecipitatesincreasedto -20 nm, seefigure 5.5a. The grain

boundaryprecipitatesobservedduringthe500°Cannealweremorefrequentin the750°C

annealedstateand their sizehad increasedto -250 nm. Occasionally,elongatedgrain

boundaryprecipitateswere alsoobserved,seefigure 5.5b. Convergentbeamdiffraction

patternsandEDSmeasurementsfrom thegrainboundaryprecipitatein indicateanordered

b.c.c (B2) crystal structure(13'phase),and Al-enriched(with respectto they/_(matrix)

compositions.

Thus,themicrostructureof Ni-12A1-40Fefollowing annealingat 500°Cand750°C

is threephase13'-W/'_'.

13'Ni-30A1-20Fe

As reported earlier, the microstructure of the double-extruded 13' alloy consisted of

a thin (-10 nm), discontinuous, disordered (f.c.c), iron-rich grain boundary phase lining

the grains of the [3' matrix. When annealed at 500°C for 200 mins., no grain boundary

phases were observed. However, superlattice dark-field imaging showed the presence of

disordered (dark) precipitates in an ordered (bright) 13'matrix, similar to that shown in fig.

la. The microstructure was similar (although somewhat coarser) after a long time (250

hours) anneal at 500°C. Figure 5.6a is a superlattice dark-field image of the alloy after the

long time annealing treatment showing -10 nm disordered (dark) precipitates in the ordered

13'matrix. No extra reflections were observed in the SAD patterns, figure 5.6b, indicating
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a)

b)

Figure 5.4 TEM micrographs for the y/7' alloy Ni-12AI-40Fe annealed at 500°C (a)

bright field micrograph showing an elongated grain boundary phase (b) convergent beam

diffraction pattern from the grain boundary phase indicates an ordered b.c.c (.B') structure

(c) superlattice dark field images show the matrix microstructure to be two-phase y/7' with

the size of the 7' precipitates being -10nm.
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c)

Figure 5.4 continued
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a)

b)

Figure 5.5 TEM micrographs for the Y/T' alloy Ni-12AI-40Fe annealed at 750°C for

200 min. (a) superlattice dark field images show a two-phase T/7' microstructure for the

matrix with the size of the ordered 7' precipitates being -20nm (b) grain boundary phases

were observed which were identified to be _Y, similar to the microstructure at 500°C.
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that the precipitates were b.c.c (ct-Fe), rather than f.c.c (_,-Fe) structured. Despite the

precipitation of o_-Fe in _', the matrix composition as measured by EDS was similar to the

nominal composition indicating that no gross redistribution of constituent elements occured

during the precipitation. The low x-ray count rate with a small EDS probe, required for the

precipitates, prevented measurement of the precipitate composition.

The degree of long range order was measured for as-rapidly solidified (powder

made by inert gas atomization techniques was kindly supplied by Dr. M.V. Nathal at

NASA Lewis) and annealed (500°C) powders using CuKo_ and CuKI3 radiation, a step size

of 0.032 ° (2-theta) and a count time of 200sec. The intensities of (100) superlattice and

(200) fundamental peaks were measured and the long range order parameter (LRO) was

proportional to the ratio of superlattice intensity to the fundamental. Note that this ratio is

independent of any effect of texture on diffracted intensities since the {100} and {200}

planes are parallel. The results indicated that annealing at 500°C does not change the LRO

significantly. The results and diffractometer scans are presented in APPENDIX II.

By contrast, when aged at 750°C for 200 min., superlattice dark-field imaging

indicated the alloy to be single phase. However, a thin (~100 nm) grain boundary phase

was observed, see figure 5.7a, which was found to be f.c.c (note the lack of superlattice

reflections in expected (arrowed) positions in the convergent beam diffraction pattern,

figure 5.7b). EDS measurements indicated that the phase was iron-rich with respect to the

matrix, similar to that shown in figure 4.2.7. Thus, the microstructure following aging at

750°C was lY+)'-Fe, similar to the microstructure observed in air-cooled alloys, indicating

that the air-cooling from 1000°C (second extrusion) mostly produces a room temperature

microstructure similar to that produced by aging and quenching from 750°C. Thus, the

microstructure of the double-extruded [3' alloy Ni-30A1-20Fe was o_-Fe+_' when quenched

after annealing at 500°C and ),-Fe+_l' when quenched after annealing at 750°C.
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a)

b)

Figure 5.6 _' alloy Ni-30A1-20Fe after annealing at 500°C for 250 hours: (a)

supedattice dark field images indicate a dispersion of -10rim disordered (dark) precipitates

in the ordered (bright) J3' matrix (b) SAD patterns from the matrix indicate only a B2

structure indicating that the precipitates are probably b.c.c structured.
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a)

b)

Figure 5.7 [3' alloy Ni-30AI-20Fe after annealing at 750°C for -200 min.: (a)

superlattice dark field images indicate only a single phase [3' matrix although a grain

boundary phase (~100 nm thick) is observed (b) convergent beam diffraction t, attem from

the grain boundary phase indicates a 1, (f.c.c) structure; note the absence of superlattice

reflections.
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In summary, the rnicrostructure of the double-extruded [5' alloy was similar to that

after aging at 750°C. Also, annealing at 500°C resulted in a ot-Fe+13' microstructure for the

13'alloy, similar to the 13'constituent of the multi-phase alloy. Long term annealing results

in a coarsening of the ct-Fe+lY microstructure as shown in fig.5, la and fig.5.6a, where the

size of the o_-Fe precipitates increased from -2-3 nm for an annealing time of N200 min to

-10rim for an annealing time of 250 hours. The annealing behavior of the _'/7' alloy Ni-

12A1-40Fe and the _'/7' phase in the multi-phase alloy was, however, similar, with a slight

microstruCtural coarsening (size of ordered precipitates increasing from -10nm at 500°C to

-20 nm when annealed at 750°C) being observed in both cases. Precipitation of 13'phase at

the y/y grain boundaries in the multi-phase would be unidentifiable due to the existing fine

scale of the extruded microstructure.

5.2 Mechanical Behavior

Room Temperature Hardness Tests

Figures 5.8-10 show the effect of isochronal annealing (200 mins.) on the room

temperature hardness of the alloys Ni-20A1-30Fe, Ni-30A1-20Fe and Ni-12A1-40Fe. Note

that, while the hardness of the alloys Ni-30A1-20Fe and Ni-12A1-40Fe was examined only

in a water quenched state, those of the alloy Ni-20A1-30Fe was examined in both water-

quenched and furnace-cooled state (furnace cooling being investigated to compare the effect

of scale of microstructure on mechanical properties in an ordered state). The hardness

reported is an average of at least seven measurements and the error bars indicate a 95%

confidence interval.

For the multi-phase alloy (figure 5.8), the hardness increased with increasing

annealing temperatures up to 500°C, after which it declined. Interestingly, when annealed

at 700°C, the hardness of the multi-phase alloy is similar in both the water-quenched and
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furnace-cooledstates.However,for higherannealingtemperatures,thehardnessin theas-

quenchedstateis lower than the furnacecooledstate,which is indicative of disordered

phasesbeingretainedin themicrostructureatthehighercoolingrates. Dueto thescatterin

the measuredhardnessvalues,it is not clear if the hardnessof the multi-phase alloy

annealedin thetemperaturerange800°Cto 1000°Cis lower thantheas-extrudedhardness.

For annealingtemperaturesin therange1100°Cto 1200°C,however,thehardnessis lower

than that in the as-extrudedstate,a featurewhich is attributableto thecoarseningof the

microstructure,seefigure 4.3.4.

Like themulti-phasealloy, the13'alloy (figure 5.9)alsoexhibitsan increasedroom

temperaturehardnesswith increasingtemperaturesup to 500°Cbeyondwhichthehardness

decreasesto a levelsimilar to theas-extruded(27°C)state.Theincreasedhardnesswhen

annealedat 500°C is presumablydue to the dispersionstrengtheningeffects of ot-Fe

precipitatesin theordered13'matrix. The measuredgrain sizesfor different annealing

temperaturesarealso indicatedin figure 5.9; the similar grainsizes(- 25_m) in the as-

extrudedstateand whenannealedat 750°C indicatethat thedecreasein hardnessin the

annealingtemperaturerange500°C-750°Cis not relatedto grain growth. Rather, the

decreaseis probablyrelatedto theprecipitationof theweaker(hardness-wise),disorderedy

(f.c.c) grain boundaryphases[115] asobservedat 627°Cand750°C (seefig. 4.3.3and

fig. 5.7)andasexpectedfrom theternaryisothermat750°C(fig. 2.3i).

Unlike the _' phase,they/_/'phaseexhibits (figure 5.10) slightly increasedroom

temperaturehardnesseswith increasingannealingtemperaturesup to 700°C,beyondwhich

the hardnessdecreasessharply. The slight increasein hardnessis probably due to the

precipitationof theharder13'phaseat thegrainboundaries[115] while the sharpdecrease

in hardnessfor annealingtemperaturesgreaterthan 700°C is probably related to the

coarseningof the7/7'microstructureandtheeventualdissolutionof the7'phasein they

matrix.
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Fromfigures5.8-10,it is clearthattheannealingresponseof themulti-phasealloy

is strongly influencedby its constituentphases. For example,the hardnesspeak after

annealingat 500°Cis probablyrelatedto theannealingcharacteristicsof theconstituent[Y

phasewhile thegentledecreasein hardnessfor temperatureshigherthan700°Cis probably

relatedto the annealingcharacteristicsof the constituent1'/I/phase. Furthermore,since

disorderedalloys areusually weaker than orderedalloys (e.g.FeCo, Ni3Fe etc. [116-

117]), the differencein hardnessof the multi-phasealloy in thewater-quenchedandthe

furnace cooled state(note that while water quenchingis likely to retain a disordered

microstructure,furnacecooling will likely resultin re-orderingof themicrostructure) is

indicative of a disorderedconstituentin the microstructure.Sincethe microstructureat

827°Cwasshown(figure 4.2.9) to be_'+7,while that at lower temperaturesto be [_'+Y/7',

thedisorderedYphasepossiblyresultsfrom thedissolution/disorderingof theordered7'

precipitatesabove700°C. Fumacecoolingpossiblyallows re-precipitationof theordered

precipitatesresultingin improvedstrength.

Theeffectsof theannealingtimeon hardnessfor constantannealingat both500°C

or 750°Cwerealsostudiedonwaterquenchedsamplesof [3'andY/7'phases.Figure5.11

showsthe variation in hardnessfor the _l'phasefor both temperatures. For the four

annealingtimes shownin thefigure, it is clear that the as-extrudedhardnessincreases

significantly after annealingfor 11hoursat 500°C,and then increasesmore gradually,

reachingapeakafteraround125hours,beyondwhich a slight decrease(althoughwithin

theerrorbar limits) isobserved.Suchadecreaseis probablyrelatedto thecoarseningof a

dispersionstrengthenedmicrostructure(increasedinter-particlespacingwhichwill decrease

the stressrequiredfor dislocationsto bow betweenthedispersoids).By contrast,theas-

extrudedhardnessis almost similar to the annealedhardnessfor extendedperiods(125,

250 hours)at 750°C which is consistentwith the fact that the as-extrudedand750°C-

annealed microstructures are similar (precipitation of y-Fe phaseat the [3' grain

boundaries). Figure 5.12 shows the influence of similar isothermal annealing on
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the y/_/' phase, the hardness reported being the Vickers hardness (instead of Rockwell A)

due to limited thickness of the specimen. When annealed at 500°C for 250 hours, the

hardness is similar to the as-extruded hardness. By contrast, for the annealing temperature

of 750°C, a slight increase in hardness is observed even after only 3.25 hours annealing,

presumably due to the precipitation of the harder [3' phase at 7/Y grain boundaries. For an

annealing time of 265 hours at 750°C, the mean microhardness of the annealed specimen is

almost-10% higher than the as-extruded material.

The boron-doped multi-phase alloy exhibits (fig. 5.13) an isochronal annealing

response similar to the undoped multi-phase alloy indicating that boron does not alter the

influence of annealing on mechanical strength at room temperature.

Tensile Tests

Stress-strain curves of room temperature tensile tests for each of the above alloys

and for the boron-doped multi-phase alloy in the as-extruded state and after annealing at

500°C and 750°C, are shown in figures 5.14 through 5.17. The results are summarized in

Table 5.1 and figure 5.18.

Figure 5.14 shows the stress-strain graphs of the multi-phase alloy in a double-

extruded condition and also after annealing at 500°C, 750°C and 1300°C. The batch 1 and

batch 2 stress-strain graphs being similar, only the batch 2 graphs are shown. In a single

extruded condition, the multi-phase alloy exhibited a yield strength of 850 MPa, a fracture

strength of 1300 MPa and N8% elongation (see fig.4.3.1). In a double-extruded condition,

however, the alloy exhibited an average yield strength of 760 MPa, an ultimate tensile

strength of 1360 MPa and a plastic strain to failure of-20%. When annealed at 500°C, the

yield and tensile strength of the double-extruded alloy increased to ~850 MPa and 1400

MPa respectively while the elongation decreased to 12%. This is partly attributable to the

dispersion strengthening of the 13' constituent phase. When annealed at 750°C, however,

the yield and fracture strength were both lower at 680 MPa and 1230 MPa respectively,
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while the alloy exhibited about21%elongation. The annealingtemperatureof 1300°C

produceda coarsenedmicrostructurewhich hadsimilar yield andfracturestrengths(710

and1200MPa,respectively)to the750°Cannealedalloysbutreduced(12%)elongation.

In both the as-extrudedaswell as annealedcondition, the alloy exhibited continuous

yielding anda high work-hardeningrate (higher than the "//_' alloys, see below). Also,

while the work-hardening rates were similar in the double-extruded and 750°C annealed

state, the alloy annealed at 500°C exhibited a higher work-hardening rate. Despite the high

elongations, no necking was observed prior to failure.

The stress-strain curves for the double-extruded [Y alloy, Ni-30A1-20Fe, are shown

in figure 5.15. Samples labelled #1 were re-extruded (from the single-extruded condition)

at a 6:1 area reduction ratio and tested at Dartmouth using a MTS loading frame while those

labelled #2 were re-extruded at a 5:1 area reduction and tested at NASA Lewis Research

center using an Instron. Although no microstructural differences were observed between

the two conditions, the tensile properties are somewhat different and are attributed to better

machine alignment at NASA Lewis (including better mating between grips and specimens).

In the single-extruded condition, the alloy exhibited fracture prior to yield at an average

stress of 770 MPa (two tests), see fig.4.3.1. In the double-extruded condition, the alloy

exhibited up to 6% elongation, an average of 810 MPa yield strength and 1000 MPa

fracture stress. An upper yield point followed by Ltiders band formation was observed.

After annealing at 500°C, however, the alloy was brittle (fracture stress of 430 MPa and

900 MPa for tests #1 and #2 respectively), the higher fracture stress again being ascribed to

better test machine alignment. When annealed at 750°C, the double-extruded alloy

exhibited a lower yield strength of 700 MPa, an ultimate tensile strength of 840 MPa and

-2% elongation (test lot #1). The work-hardening rate of the 13'alloys was higher than the

y/y' alloy (see below) and similar to the multi-phase alloy. Furthermore, the work-

hardening rate was observed to be independent of annealing. Since the brittleness in

tension precluded any measurement of yield strength of the 9' alloy annealed at 500°C, the
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TABLE 5.1.

jl

SUMMARY OF ANNEALING EFFECTS ON ROOM TEMPERATURE
TENSILE BEHAVIOR

CONDITION No. YIELD STRESS FRACTURE STRESS ELONGATION
(MP_) (MPI_) (%)

Ni-20A1-30Fe (13'+ 7/7')

Single Extruded(SE)
Double-extruded(DE) (B#1)

(B#2)
DE+500°C anneal (B# 1)

(B#2)
DE+750°C anneal (B# 1)

(B#2)
DE+1300°C anneal (B#1)

850
760
760
870
850
670
695
710

1300
1350
1370
1400
1390
1190
1255
1200

8
20
23
12
13
18
25
12

Ni- 12A1-40Fe (T/Y)

Single Extruded(SE) (D)
(N)

SE+500°C anneal (D)
(N)

SE+750°C anneal (D)
(N)

5O5
5O5
520
535
535
530

810
820
820
860
865
835

28
38
23
32
29
25

Ni-30AI-20Fe (13')

Single Extruded(SE)

Double Extruded, DE (# 1)
(#2)

(compression x2) (#2)
DE+500°C anneal (#1)

(#2)
(compression x2) (#2)
DE+750°C anneal (#1)
(compression x2) (#2)

800
825

835,840

975,1000
700

718,740

780
760
930
1070

490
900

840

0
0
2
6

0
0

2

Ni-20AI-30Fe-0.17B (13'+7/T')

Single Extruded(SE) 700

SE+500°C anneal 795

SE+750°C anneal 670

1160

1200

1220

13

8

19
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yield strengthwas determinedin compressionand found to be 1000 MPa. Also, the

measurementof compressiveyield stressesfor double-extrudedand 750°C annealed13'

alloys indicated that the yield strength in compressionwas similar to that in tension

implying the lack of any significant tension-compression asymmetry behavior.

Interestingly,specimensannealedat500°Candre-annealedat750°Cexhibit adecreasein

yield strength(to -700 MPayield strength).Furtherannealingat 500°Crestorestheyield

strengthto -1000 MPa level which is indicative of the yield strengthbeing related to

dissolution/precipitationreactions.Theincreasedstrengthis thusattributableto dispersion

strengtheningeffectsof theo_-Feprecipitatesin the13'matrix while thedecreasedstrength

at 750°C is theresultof dissolutionof sucho_-Fedispersoidsand theprecipitationof a y

grain boundary phase [ 115].

Figure 5.16 shows the stress-strain curves for the _//_/' alloy, Ni-12A1-40Fe, in the

as-extruded and annealed (500°C and 750°C) conditions. Unlike the 13' alloy, the q(/'f' alloy

exhibits continuous yielding, similar to the multi-phase alloys. Two tests were performed

in each condition and the labels #D and #N refer to test specimens machined (at Dartmouth)

and centerless ground (at NASA Lewis) respectively. Although test specimens from both

sets were electropolished prior to testing and tested using an Instron at NASA Lewis, some

differences in ductility were observed in each condition which is attributable to differences

in surface conditions (high or low residual stresses) resulting from different methods of

specimen preparation. The yield strengths, by contrast, were unaffected.

The as-extruded alloy exhibited an average (two tests) yield strength of 505 MPa

and ultimate tensile strength of 815 MPa; elongations of 28% and 37.5% were observed for

tests #D and #N respectively. When annealed at 500°C, the observed average yield

strength and ultimate tensile strength were similar at 525 MPa and 840 MPa respectively;

the elongations for tests #D and #N were also similar but slightly less at 23 and 32%

respectively. Upon annealing at 750°C, the average yield and UTS for tests #D and #N

were 530 MPa and 850 MPa respectively as were the elongations at 28% and 25%
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respectively. Thework-hardeningrateof the_,/q/alloywaslower than thatof both the lY

andmulti-phasealloys. Furthermore,the work-hardeningrate increasedwith increasing

annealingtemperatures.Theroomtemperaturehardnessandtensiletestdatabothsuggesta

slight hardeningof thealloy with increasingannealingtemperatures(for afixed annealing

time). Theductility data(bothtests#D and#N) suggestslightlydecreasedelongationsfor

samplesannealedat 500°Ccomparedto theas-extrudedstate.Thetrend,however,is less

clear for samplesannealedat 750°Csincethe #D testindicatesa ductility level almost

similar to the as-extrudedstatewhile the#N testindicatesaductility levelevenlower than

the500°Cannealedspecimens.Thelackof anyremainingextrudedmaterialpreventedus

from investigating this point further. The better specimenpreparation and testing

techniquesfor #N tests, the trendof gradual increasein hardnessand strengthwith

increasingannealingtemperaturesandtheobservedincreasinglycontinuousgrainboundary

film of themorebrittle (13')phaseat 750°C,however,indicatethat thetestdataset#N is

probablymore reliable. Interestingly,irrespectiveof heat treatment,someneckingwas

observedprior to failure in all 7/7'samples.

The effect of annealingon the room temperaturetensilebehaviorof the boron-

dopedmulti-phasealloy wasalsoinvestigatedandtheresultsareshownin figure 5.17.

The alloy exhibited both a lower yield strengthand a lower ductility than the double-

extruded undoped multi-phase alloy, presumably due to the coarser scale of the

microstructure resulting from the higher extrusion temperature. The trends in the

deformationbehaviorasa function of annealingtemperaturearesimilar to the undoped

multi-phasealloys; the valuesfor yield stress,fracturestressandelongationare listedin

Table5.1.

Figures5.18a-csummarizethevariationof yield strength,fracturestrength0dTS in

case of the "f/q/alloys) and ductility of the alloys with annealing temperature. The variation

of yield strength with annealing temperature is similar to the trends observed in the room

temperature hardness data, fig. 18a. The variation in fracture stress (fig. 5.18b)
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is less clear, being influenced by the yield strength, the work-hardening rate and the

ductility of the alloys. Figure 5.18c summarizes the tensile elongation for the alloys as a

function of annealing temperature. A reduced ductility level (compared to the as-extruded

state) is observed for all three alloys when annealed at 500°C. The reasons behind the

restoration of ductility to levels similar to the as-extruded state in multi-phase alloy samples

annealed at 750°C is less clear in view of the uncertainity associated with the ductility of the

1,/1,' alloy. The #D test results would indicate that restoration is primarily the result of

increased ductility of the y/_ phase when annealed at 750°C. However, assuming that the

ductility of the 13' alloy is similar in the as-extruded and 750°C annealed state (i.e. ~6%), it

is possible that the reduced ductility in the Y/Y' alloy (test #N) is compensated for by the

increased ductility (expected due to precipitation of disordered grain boundary phases) of

the 13'phase when annealed at 750°C. Additional tests of the _//y alloy samples annealed at

750°C are required to resolve this point. Thus, the mechanical behavior of the multi-phase

alloy appears to be influenced strongly by those of its constituent phases.

Fractom'aphy

The fracture surfaces of the tensile-tested specimens were examined using a

scanning electron microscope (figures 5.19-22). For the multi-phase alloys (fig. 5.19),

fracture surfaces of all samples except those annealed at 1300°C were similar and consisted

of brittle cleavage failure in the pro-eutectic 13' phase and dimple fracture in the 13'+7/_/'

eutectic. The sample annealed at 1300°C exhibited (fig.5.19d) predominantly clevage

fracture due to the higher volume fraction of the 13'phase. Similarly, irrespective of heat

treatment, the fracture mode of the 13'alloy Ni-30A1-20Fe was predominantly transgranular

cleavage although some intergranular facets were also observed, see fig. 5.20. By

contrast, the y/y' alloy, Ni-12A1-40Fe, exhibited dimple fracture and the fracture mode was

insensitive to heat treatment, see fig. 5.21.
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a)

b)

Figure 5.20 Fracture surfaces of the double-extruded [3' alloy Ni-30A1-20Fe in: (a)

500°C-annealed state (b) 750°C-annealed state (see as-extruded fractograph in Fig 4.3.2).

Fracture mode is similar in all cases and consists of both intergranular and (predominantly)

transgranular cleavage failure.
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a)

b)

Figure 5.21 Fracture surfaces of the single-extruded y/_' alloy Ni-12A1-40Fe in: (a)

500°C-annealed state (b) 750°C-annealed state (see as-extruded fractograph in fig. 4.3.2).

The alloy fails by dimple fracture irrespective of heat treatment.
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a)

b)

Figure 5.22 Fracture surfaces of the single-extruded boron-doped multi-phase alloys in:

(a) as-extruded state (b) after annealing at 500°C (c) after annealing at 750°C (d)

magnified image of the dimpled fracture surface in (c). Like the undoped multi-phase

alloys, fracture consists of dimple failure in the eutectic and transgranular cleavage in the

pro-eutectic (with the exception of 750°C annealing treatment).
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c)

d)

Figure 5.22 continued
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a)

b)

Figure 5.23 Examination of polished longitudinal sections of boron-doped multi-phase

alloys annealed at 750°C by (a) optical microscopy (DIC contrast) and (b) backscattered

electron imaging indicates the presence of a grain boundary phase which may be

responsible for the dimpled fracture surface appearance.
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For multi-phasealloy samples microalloyed with boron (fig. 5.22), the fracture

surfaces exhibited similar characteristics to the undoped multi-phase alloys with one

exception; when annealed at 750°C, many pro-eutectic phase particles exhibited a dimple

rather than cleavage pattern (see fig. 5.22d). Examination of polished longitudinal sections

of the boron-doped multi-phase alloy using both optical microscopy (DIC, fig. 5.23a) and

SEM (backscattered image, fig. 5.23b) indicated the presence of a grain boundary phase.

It was not clear, however, if the dimple fracture in the pro-eutectic phase was due to the

intrinsic character of the boron-doped multi-phase 13' phase or related to this grain

boundary phase. A subsequent careful examination of the fracture surfaces of the pro-

eutectic phase in the undoped multi-phase alloy samples, however, also revealed a few

grains that exhibited such a dimpled pattern. Interestingly, no such grains could be

detected for alloy samples annealed at 500°C. A qualitative analysis of comparing EDS

peak counts of Ni Ks and Fe Ket x-rays in the SEM from regions exhibiting cleavage and

dimple fracture indicated an iron-enrichment for pro-eutectic grains exhibiting dimpled

fracture. Such an iron enrichment (in dimpled regions) is consistent with the AES data

[102] on intergranular fracture surfaces of the 9' alloy and is probably related to the thin,

iron-rich grain boundary disordered phase referred to earlier (section 4.2). Thus, the

dimple fracture is probably the result of intergranular separation in the pro-eutectic 13'

phase. An interesting (although qualitative) observation is the increased incidence of such

dimpled fracture regions in the boron-doped alloys which suggest that boron stabilizes the

disordered grain boundary phase.

5.3 Summary

The effect of heat treatment on the room temperature mechanical properties of the

multi-phase alloy is the combined response to annealing of its constituent 13' and y/y'

phases. While its increased strength when annealed at 500°C is related to the annealing
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characteristicof the 13'phase, the decrease in strength for annealing temperatures higher

than 700°C is related to its ),/'_ constituent.

For the _'/_/' alloy, the decreased strength for annealing temperatures higher than

700°C is related to the coarsening of the _,' precipitates and the eventual

dissolution/disordering of the ordered precipitates into the disordered 7 matrix. The small

increase in strength and decrease in tensile elongation observed for annealing temperatures

up to 750°C is thought to be related (microstructurally) to the precipitation of 13'precipitates

at the )'/'t' grain boundaries; the increase of ),' precipitate size from -10nm in the as-

extruded state to -20nm in the 750°C-annealed state is thought not to be significant with

respect to their influence on mechanical properties. Similarly, the volume fraction of "y'

precipitates in "t appear to be similar in the as-extruded and annealed states; the direct

measurement of volume fraction of _ precipitates is difficult due to their small size.

For the 13' alloy, the increased strength in the 500°C-annealed state than that in the

as-extruded or 750°C-annealed state is attributable to the dispersion of 13 (t_-Fe) in 13'

matrix. The observed room temperature ductility in the as-extruded and 750°C-annealed

state is attributable to its thin (-10nm), disordered grain boundary phase although (as

discussed later), the influence of a <111> texture on ductility cannot be ruled out based on

the experimental evidence presented here. The embrittlement at 500°C is attributable to one

or both of the following reasons: (1) lack of a disordered grain boundary phase (2)

dispersion of 13(o_-Fe) in 13' which possibly decreases dislocation mobility by its pinning

action.
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Room Temperature

CHAPTER 6

Mechanical Behavior of Ni-40AI-30Fe

This chapter presents the room temperature mechanical behavior of another 13' alloy

Ni-40A1-30Fe, including the effect of annealing on the mechanical properties. Some

limited high temperature strength data (hot hardness tests) are also presented.

Microstructure

According to figure 2.3b, which is a section of the Ni-Fe-A1 phase diagram for

slowly (10°C/hr) cooled alloys, the alloy Ni-40A1-30Fe (marked with a 'x') lies in a single

phase (13') region at room temperature. At 750°C, however, the alloy lies in a two-phase

13'+13 (where 13' and 13represent ordered and disordered b.c.c respectively) region. At

higher temperatures, the two-phase field is observed to shrink, see for example figure

2.3d-e. Consequently, the alloy Ni-40A1-30Fe should be single phase again at

temperatures greater than 900°C.

The as-extruded (double extruded) microstructure consisted of equiaxed grains with

a grain size -10_tm. The absence of cracking around microhardness indentations indicated

the not-so-brittle nature of the alloy, see figure 6. la. Polished transverse and longitudinal

sections of the as-extruded alloy (figure 6. lb-c) indicated a similar microstructure although

bands of dark (from etching) areas were observed in the longitudinal sections (fig. 6. lc),

indicative of a partially recrystaUized microstructure. The partially recrystaUized nature of

the microstructure was conf'maw, d by TEM. For example, figure 6. ld is a TEM micrograph

of the double-extruded alloy showing two adjacent grains, one fully recrystallized and the

other partially, the sub-boundaries in the partially recrystallized grain can be clearly seen.

The sub-boundaries were observed to persist even after an annealing treatment of 200 min.
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a)

b)

/

Figure 6.1 As-extruded Ni-40A1-30Fe: (a) Microhardness indentations indicate lack of

cracking around indentations (b) polished transverse section indicates a grain size of

N10_tm (c) polished longitudinal sections indicate bands of dark etched areas indicative of a

partially recrystallized microstructure (d) bright-field TEM micrographs indicate a partially

recrystallized microstructure; note the sub-boundaries in the partially recrystallized grain.
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c)

d)

Figure 6.1 continued.
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at 750°C (followed by water quenching), see figure 6.2. The dislocations in the sub-

boundaries were analyzed to be <100> dislocations which represent the deformation mode

at high temperatures (the extrusion temperature of 1000°C).

Figure 6.3 is a pair of bright-field and superlattice dark field (SDF) images for the

alloy annealed at 750°C. The bright field image shows approximately spherical precipitates

-40nm in diameter. The precipitates appear dark in SDF images representing disordered

precipitates in an ordered (bright under SDF imaging). The magnetic nature of the

specimen combined with the small sizes of the precipitates precluded structure

determination through CBED. Selected area diffraction patterns indicated an ordered b.c.c

superlattice which is indicative of the the disordered precipitates also being b.c.c (rather

than f.c.c since no extra reflections were observed). Thus, the microstructure of the alloy

Ni-40A1-30Fe was judged to be 13'+13 which was consistent with the 750°C Ni-Fe-A1

isotherms. Interestingly, superlattice dark field imaging of the as-extruded alloy also

indicates a similar 13'+13 microstructure, although the disordered precipitates were only

N10nm in diameter (fig. 6.4).

Though the as-extruded microstructure was expected to be single-phase from the

phase diagrams for slowly cooled alloys (fig. 2.3b), the experimentally observed

microstructure consisting of 13precipitates in a 13' matrix was inconsistent with the expected

phase relationships since only a 13' microstructure was be expected. The 13+13'

microstructure, by contrast, was similar to the 750°C isotherm which is indicative of a non-

equilibrium structure being retained during post-extrusion cooling from 1000°C.

Mechanical Properties

Isochronal annealing experiments, similar to those described in the previous

chapter, indicated a behavior which was similar to the 13' Ni-30A1-20Fe; a small peak in

Rockwell hardness was observed upon annealing at 500°C while the hardness in the as-
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Figure 6.2 Bright field TEM micrograph of 750°C-annealed Ni-40A1-30Fe alloy,

strained 0.5% in tension. Note the sub-boundary which indicates a partially recrystallized

microstructure and consists of discrete <100> dislocations. Also, no discrete dislocations

can be observed within the strained matrix due to strain field around the precipitates.
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a)

b)

Figure 6.3a-b (a) Bright field (b) Superlattice dark field images of 750°C-annealed Ni-
x.

40AI-30Fe alloys. The dark spots in (b) represent disordered (o_-Fe or 13)precipitates in an

ordered (bright) 13'matrix. The size of 13precipitates is -40 nm.
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a)

b)

Figure 6.4 Superlattice dark-field images of Ni-40AI-30Fe in (a) as-extruded (b)

750°C-annealed state. The dark spots represent o_-Fe dispersions within the 13' matrix.

Note the change in dispersoid size with annealing.
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extruded and 750°C annealed state were similar (see fig. 6.5). The increased hardness after

500°C anneal was outside the 95% confidence interval limits and hence, is considered

significant.

Room temperature tensile tests were performed on specimens from the as-extruded

alloy and on samples annealed at 750°C. The stress strain graphs are shown in figure 6.6.

When tested in air at room temperature, the as-extruded alloy exhibited a high (N900 MPa)

fracture stress but no plastic elongation. By contrast, the when annealed at 750°C, the alloy

exhibited a high yield stress (N950 MPa) and limited (0.5%) plastic elongation. An upper

yield point phenomenon was observed.

Recently, Liu et al.[118] have reported increased plastic elongation for Fe-A1

intermetallics when tested in vacuum. The embrittlement in ambient atmosphere was

ascribed (without any proof) to hydrogen (from dissociation of water molecules) assisted

embrittlement at the crack tips. To determine if a similar effect of increased ductility in

vacuum could be obtained for Ni-40A1-30Fe (that is, the absence of water molecules), the

as-extruded and 750°C annealed specimens were tensile tested in high vacuum (7x10 -7

Torr), figure 6.6 shows the stress-strain curves. It is clear that no additional benefit was

derived from vacuum testing.

The fracture surfaces (both air and vacuum tests) of as-extruded alloys and those

annealed at 750°C were examined in a SEM. Figure 6.7 shows the fracture surfaces for as-

extruded specimens (which is similar to the 750°C annealed specimens) tested in air.

Failure occurs by transgranular cleavage in both cases. The fracture surfaces for alloys

tested in vacuum were similar to those shown in fig. 6.7.

It is interesting to compare the room temperature mechanical behavior of the two I_'

alloys Ni-30A1-20Fe and Ni-40A1-30Fe. Both the alloys deform by <100> dislocations

(see later). The former alloy, in its as-extruded state, exhibits a 13' microstructure with a

N10 nm thick, discontinuous, Fe-rich y grain boundary phase; the alloy exhibits up to 6%

tensile elongation. However, when annealed at 500°C, no Y grain boundary phases are
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Figure 6.7 Fracture surface of as-extruded Ni-40A1-30Fe, tested in air, shows the

failure mode to be transgranular cleavage.
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observed;rather, the alloy exhibits a microstructureconsistingof 13(o_-Fe)precipitate

dispersionsin the 13'orderedmatrix, which is similar to the microstructureof the as-

extrudedNi-40A1-30Fe.Not surprisingly,both thealloys(as-extrudedNi-40A1-30Feand

500°C-annealedNi-30A1-20Fe)exhibit high yield strengths(900 MPa and 1000MPa

respectively) and are brittle in tension. Interestingly, however, a coarseningof the

dispersionstrengthenedmicrostructurefor Ni-40A1-30Feimpartsslight tensileductility to

the alloy, suggestingthat suchcoarseningmay also beeffective for the alloy Ni-30A1-

20Fe. Long time annealing(250 hours) at 500°C, however, did not produce sucha

coarsenedmicrostructurefor Ni-30A1-20Fe(seechapter4), presumablydue to theslow

kineticsof coarseningat 500°C.

Theelevatedtemperaturemechanicalpropertiesof Ni-40A1-30Feweredetermined

only by Vickersmicrohardnessindentations.Thetrendin hardness(fig. 6.8) wassimilar

to that observedfor the 13'alloy Ni-30A1-20Fe,although the critical temperature'Tc'

beyondwhich the hardnessdecreasessharply,wasobservedto beslightly higher for the

alloy Ni-40A1-30Fethanthe alloy Ni-30A1-20Fe,presumablydue to the highermelting

pointof theformeralloy. Noelevatedtemperaturetensiletestswereperformed.

Deformation Mechanisms

The analysis of deformation mechanism in Ni-40A1-30Fe by TEM examination of

thin foils of the 750°C-annealed alloy, deformed -2% in compression, was not successful

due to the magnetic nature of the specimen and the difficulty in identifying discrete

dislocations; the strain field resulting from the interaction of dislocations in the ordered

matrix with the disordered precipitates made identification of individual dislocations

difficult. As noted earlier, dislocations in the sub-boundaries in the partially recrystallized

extruded microstructure were found to possess a <100> Burgers' vector which is indicative

of the deformation mechanism at the extrusion temperature being <100> dislocations. This
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is consistent with the observations by Keith-Patrick et al. [119] who also reported <100>

dislocations in Ni-40A1-30Fe alloys deformed at room temperature; alloys which deform by

<100> dislocations at room temperature generally also deform by the same mechanism at

high temperatures (although non-<100> dislocations may also arise from the collision of

<100> dislocations). While the processing route adopted by Keith-Patrick et al.[119] is

not clear (that is, whether the alloys were cast or powder processed), it is worthwhile

noting that no 13+13' microstructure was reported by them which is in contrast to the

findings in the present work. Such microstructural differences may indicate why, while

individual dislocations could not be identified clearly after 0.5% tensile strain due to the

strain field around precipitates, such dislocations were clearly identified by Keith-Patrick et

al.[119] after 0.5% compressive strain. The microstructural difference can be related to

differences in annealing conditions; while the alloys in the present investigation were

annealed at 750°C where such a 13+13'microstructure is expected, those examined by Keith-

Patrick et al.[119] were annealed at 1200°C where only a 13'microstructure will be expected

(see isotherms in Chapter 2).

In summary, the alloy Ni-40A1-30Fe, in its extruded state, exhibited a

microstructure consisting of disordered precipitates in an ordered matrix. The as-extruded

alloy was brittle in tension. Annealing at 750°C coarsened the 13+[_' microstructure and

imparted limited (-0.5%) tensile ductility to the alloy. The alloy was found to be

insensitive to the environment. The elevated temperature strength characteristic of the alloy

was similar to those commonly observed for 13' alloys.
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CHAPTER 7

Annealed Microstructures In Multi-phase Ni-36Al

This chapter presents the results of the limited investigation into the microstructure

and mechanical behavior of undoped and boron-doped multi-phase alloy Ni-36at.%A1 in

the as-extruded and heat treated state (the heat treatment being similar to those examined by

Russell and Edington [20]).

Microstructures

The extrusions of the undoped and boron-doped multi-phase _qi-36A1 were flawed,

with casting pipes being observed at the center of extrusions. Figure 7.1 is a fractograph

of the undoped alloy showing a casting pipe which was not healed by the extrusion

process.

Figure 7.2a is an optical micrograph of Ni-36AI in its as-extruded state. The as-

extruded (double extruded and air cooled) microstructure is martensitic which is indicative

of rapid post-extrusion cooling rates. The microstructure consists of equiaxed grains

-100_tm in diameter. The microstructure also shows evidence of extensive intergranular

and transgranular cracking, presumably the result of brittle martensitic microstructure.

There was no evidence of any additional phases at the grain boundaries.

As reported earlier, Russell and Edington [20] studied the mechanical properties of

the alloy in a heat treated state and reported improved room temperature impact toughness

and elevated temperature strength retention for alloys with a NiAI+Ni3A1 microstructure.

The quasti-static mechanical properties were examined only by compression tests. To

determine the effect of minor variations in heat treatment on the resulting microstructures

and the effect of such heat treatments on the tensile ductility of Ni-36A1, different heat
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Figure7.1 Fracture surface of as-extruded Ni-36A1 alloy showing a casting pipe at the

center which was not healed by the extrusion process.

0.10 mm

Figure 7.2 Optical micrograph of as-extruded Ni-36AI showing equi._.xed grains,

~1001.tm in diameter. Note the intergranular and transgranular cracks in the polished

microstructure which is indicative of its brittle nature.
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treatments schemes were examined to reproduce microstructures similar to those examined

by Russell and Edinmgton [20].

When annealed at 1200°C for 1.5 hrs and water quenched, the microstructure was

similar to the as-extruded microstructure. Following the solution anneal at 1200°C, some

samples were water quenched and then held at the ageing temperatures, while others were

quenched to 430°C and up-quenched to the aging temperature, similar to the heat treatment

scheme adopted by Russell and Edington [20]. Two different aging temperatures (700°C

and 800°C) and varying aging times (from 2.5 to 15 hours) were used.

For samples quenched from the solution anneal temperature to 430°C and up-

quenched to 700°C, the aged microstructures exhibited additional phases both at the grain

boundaries and within the grain interiors. While the grain boundary phase was continuous,

the precipitates within the grain interiors were acicular (-l_tm in width and -20gm long),

see fig. 7.3. That the precipitation within the grain interiors was along certain

crystallographic directions is evident from figure 7.3a. Russell and Edington [20]

determined that the precipitates at both the grain boundaries and within the grains were

Ni3A1. Further, the acicular precipitates in the grains were determined to be aligned with

the <110> crystallographic direction of the matrix. Longer ageing times resulted in a

higher density of acicular precipitates along with some coarsening of the precipitates (width

increasing to -2.5_tm), see fig. 7.3b. Similarly, the grain boundary phase thickness was

also observed to increase with increasing ageing time (from 2.5 _tm for an ageing time of

2.5 hrs. to 51.tm for an ageing time of 15 hrs.). Interestingly, a precipitate free zone

(mowed in fig. 7.3) is observed for both short and long ageing times and is believed to

occur due to dissolution of Ni3A1 precipitates adjacent to the boundary and transport of the

constituent elements to the grain boundary Ni3AI phase; the principal reason for the

formation of such zones is believed to be the difference in lattice parameters between the

precipitates (Ni3A1) and matrix (NiA1).
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a)

b)

Figure 7.3 Optical micrographs of Ni-36AI, solution annealed at 1200°C for 1.5 hrs

and quenched to 430°C and up-quenched to the ageing temperature of 700°C for (a) 2.5 hrs

(b) 15 hrs.
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When aged at 800°C (quenched from solution anneal temperature to 430°C and up-

quenched to the ageing temperature) for 2.5 hrs., a precipitate free zone was also observed,

see figure 7.4a. The density of precipitates in the 800°C-aged samples was higher than

those when aged at 700°C for similar aging times, presumably due to increased thermal

activation for transformation of the microstructure from single-phase NiA1 to multi-phase

NiAI+Ni3A1. While the acicular precipitates were approximately of similar dimensions to

those for samples aged at the lower temperature, the grain boundary phase was, however,

considerably thicker (-51.tm) which is again indicative of higher rate of diffusion of material

to the grain boundary with increasing ageing temperatures. Interestingly, between the

precipitate free zone and the region of acicular precipitation, a band of fine non-acicular

precipitates were also observed (arrowed in figure 7.4). Longer annealing times (15 hrs)

resulted in an essentially similar microstructure, see figure 7.4b.

While the acicular shape of precipitates is presumably due to the supersaturation

being relieved through precipitation of the Ni3A1 phase on prior martensitic laths, similar to

the Widmanstatten precipitation, the reasons behind the nucleation of spherical precipitates

near the precipitate free zone are not well understood. The precipitate free zone itself is

probably the result of diffusion of matter to the grain boundary to form the grain boundary

precipitates.

Interestingly, for samples water quenched from the solution anneal temperature

followed by annealing at 700°C (figure 7.5a-b), shorter annealing times resulted in a low

density of acicular precipitates within the grain interior and a thin (-ll.tm) continuous grain

boundary phase (Ni3A1); longer annealing times resulted in an increased density of acicular-

phase precipitation within the grain interior and an unchanged grain boundary phase

thickness; no precipitate free zone was observed even after 15 hrs of annealing. For

samples aged at 800°C (figure 7.6a-b), the precipitation density of acicular phase within the

grain interior for similar aging times (-2.5 hrs) was higher, presumably due to the

increased thermal activation for transformation; no precipitate free zone was observed.
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a)

b)

Figure 7.4 Optical micrographs of Ni-36A1, solution annealed at 1200°C for 1.5 hrs

and quenched to 430°C and up-quenched to the ageing temperature of 800°C for (a) 2.5 hrs

(b) 15 hrs.
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a)

b)

Figure 7.5 Optical micrographs of Ni-36A1, solution annealed at 1200°C for 1.5 hrs,

water quenched and aged at the temperature of 700°C for (a) 2.5 hrs (b) 15 hrs.
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a)

b)

20.0 /_m

Figure 7.6 Optical micrographs of Ni-36AI, solution annealed at 1200°C for 1.5 hrs,

water quenched and aged at the temperature of 800°C for (a) 2.5 hrs (b) 15 hrs.

I
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Instead, the PFZ was replacedby a zoneof fine, non-acicularprecipitates,similar to

althoughmoreextensivethanin figure 7.4a. Also, long acicularprecipitatesemanating

from the grainboundaryinto the grains(only on onesideof thegrainboundarywhich is

indicative of precipitationbeingon certainpreferredplanes),similar to Widmanstatten

precipitates,were observed.Longer annealingtimesonly resultedin a coarsenedgrain

boundaryphaseandacicularprcipitates(fig. 7.6b). In spiteof similarageingtimesof 2.5

hrs,thedirectly aged(waterquenchedfrom solutionannealtemperatureandthenraisedto

theageingtemperature)microstructureexhibitedalower densityof acicularprecipitates

thanwhenup-quenchedfrom theintermediate(430°C)holdtemperature,presumablydueto

ahighernucleationrateat theintermediatetemperaturethanin awater-quenchedstate.The

thicknessof thegrainboundaryphase,by contrast,is smaller(~2.51.tm)thanthatwhenup-

quenchedfrom 430°C,presumablydueto theabsenceof thePFZin theformercase.

Microstructuresof the boron-dopedalloy were similar to thosefor the undoped

alloy presentedhere. Also, themicrostructuresfollowing ageingat 700°Cor 800°Cwere

largelysimilar to thoseobservedby RussellandEdington[20].

Mechanical Testing

In view of the flawed nature of extrusions for both boron-doped and undoped Ni-

36A1 alloys, the measured tensile properties were judged not to be representative of those

of the alloy itself and hence tensile testing was not emphasized. Rather, the elevated

temperature strength was characterized through hot hardness tests. Only one room

temperature tensile test was performed in an as-extruded state for the alloy Ni-36A1; the

alloy failed in a brittle manner at a low fracture stress of -100 MPa.
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Hot Hardness

The elevated temperature strength of as-extruded, boron-doped multi-phase Ni-

36A1 and both as-extruded and annealed, undoped alloy Ni-36A1 was characterized by hot

hardness indentations, similar to those discussed for ternary multi-phase alloys. Again, an

average of seven indentations are reported and the error bars indicate a 95% confidence

interval. From Figure 7.7a-d, it is clear that the room temperature hardness of both boron-

doped and undoped binary multi-phase alloy is considerably (about 50%) higher than the

ternary multi-phase allby Ni-20A1-30Fe. Furthermore, the heat-treated microstructure (note

that fig. 7.5b and 7.6b represent the microstructures after the heat treatments as outlined in

figs. 7.7b-c, respectively) exhibits increased low temperature hardness although the

hardness at higher temperatures is almost similar to those of the cast and extruded alloy.

Also, unlike the ternary multi-phase alloy which exhibits a plateau in strength up to 400°C

followed by rapid loss of strength at higher temperatures, the alloy Ni-36A1 (both boron-

doped and undoped) retains its strength upto -700°C beyond which the strength decreases

sharply. The dependence of hardness on temperature is reminiscent of the anomalous

strengthening behavior of the _/' constituent phase in the alloy, Ni3A1. This indicates that

9'+?' alloys are capable of exhibiting good strength at intermediate temperatures which is

consistent with the high temperature compressive yield strength data of Russell and

Edington [20].

Fracto_aphy

The tensile fracture surface of the as-extruded alloy is shown in figure 7.8a. The as

extruded alloy exhibits mixed mode (intergranular plus transgranular) fracture; note the

martensitic laths across grain interiors. Figure 7.8b is a fracture surface of the binary alloy

(undoped) after aging at 800°C. Again, the fracture type is mixed mode and the fractured

grain boundary facets exhibit a rippled surface, presumably the result of acicular Ni3A1

precipitates within the NiA1 grains. Russell and Edington [20] attributed the increased
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a)

b)

Figure 7.8

at 800°C.

conditions.

acicular precipitates in (b).

Fracture surfaces of (a) as-extruded Ni-36A1 (b) heat-treated Ni-36A1 aged

The fracture mode is mixed (intergranular plus transgranul_,r) for both

Note the martensitic laths in (a) and the surface roughness of grains due to
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fracture resistance that they observed of the heat treated microstructure to the acicular Ni3A1

precipitates.

In summary, the microstructures of both boron-doped and undoped binary multi-

phase alloy Ni-36A1 were similar. Ageing at 700°C or 800°C after a solution anneal at

1200°C resulted in microstructures largely similar to those observed by Russell and

Edington [20]. The alloy is brittle in tension. Also, the elevated temperature strength

retention is good which is consitent with the compressive yield strength data of Russell and

Edington [20].
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CHAPTER 8

Further Discussion

This chapter discusses the room and elevated temperature mechanical properties,

deformation mechanisms and effect of processing (cooling rates during extrusion) of the

multi-phase alloy Ni-20AI-30Fe in terms of those of its constituent phases and compares

the present results with those on similar alloys investigated by others.

Ni-20A1-30Fe

Prior to this investigation, the only investigation into mechanical behavior of Ni-Fe-

A1 multi-phase alloys was due to Inoue et a1.[28] although since then, concurrent with this

investigation, there have been several reports on the mechanical behavior of such multi-

phase alloys [97, 108, 113]. Inoue et al.[28] studied the alloy Ni-20A1-30Fe (along with a

few other compositions) in a wire form made by 'in-rotating-water' rapid solidification

technique. The microstructure was reported to consist of y' (Ni,Fe)3(Fe,A1) plus [3'

(Ni,Fe)(Fe,A1) phases of 0.21.tm grain size. Field et al.[97], by contrast, reported a duplex

microstructure consisting of a 13'phase and a fcc phase containing fine precipitates of _/' in

rapidly solidified Ni-20A1-30Fe, with an orientation relationship between the 13' and fcc

phases, predominantly of the Kurdjumov-Sachs type. The presence of this orientation

relationship was confirmed in the present work. By contrast, Larsen[113] reported a

lameUar (~41.tm diameter) morphology for the constituent phases in directionally solidified

(DS) Ni-20A1-30Fe which is consistent with the pro-eutectic plus eutectic microstructure

observed in the cast-and-extruded alloy examined here, the pro-eutectic phase probably

resulted from the non-equilibrium cooling rates during casting. In contrast, pro-eutectic

phase formation was suppressed in the rapidly solidified alloy [28,97], presumably due to

the high undercooling. The differences in the scale of the eutectic (4_tm for DS vs. 0.51.tm

for the cast and extruded alloy) are possibly due to the smaller undercooling and higher
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solidificationgrowthrateassociatedwith thedirectional solidification process compared

with conventional casting, the interlamellar spacing being inversely proportional to the

degree of undercooling and directly proportional to the growth rate. The duplex

microstructure, as observed by Inoue et ai.[28] and Field et a1.[97], thus seems limited to

the rapid solidification processing route.

Concerning the 13'/_' interface, Larsen[113] reported the observation of misfit

dislocations at the interphase interface, indicative of a semi-coherent boundary. While no

misfit dislocations were observed in the extruded multi-phase Ni-20A1-30Fe, it is possible

that any semi-coherent boundaries could have been eliminated during the extrusion and

subsequent recrystallization processes and replaced by incoherent boundaries, characteristic

of interfaces between phases exhibiting the Kurdjumov-Sachs relationship.

While Inoue et a1.[28] and Huang et al.[108] examined the alloy in a rapidly

solidified state, Inoue et a1.[28] reported higher ductility (17%) than that reported by Huang

et al.[108] (-10% ductility for rapidly solidified and annealed ribbons); the three reasons

cited by Inoue et al.[28] for the good low temperature ductility were grain size refinement,

suppression of ordering and suppression of grain boundary segregation. The data

presented on melt-spun and annealed ribbons [108] and the extruded material here indicate

that the high yield strength and plastic elongation are intrinsic properties of the alloy and not

attributable only to rapid solidification processing.

•

Inoue et a1.[28] also reported the room temperature tensile behavior of rapidly

solidified wires of the I]' alloy Ni-30A1-20Fe and reported a yield strength of 400 MPa, a

fracture stress of 600 MPa and 5% elongation. The fracture mode of the alloy was reported

to be a mixture of dimple and intergranular fracture. Like the multi-phase alloy discussed

above, the good ductility was again attributed to the rapid solidification process. By

contrast, the alloy Ni-30A1-20Fe processed here through a casting and double-extrusion
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route(andair-cooledfollowing extrusion)exhibitedup to 6%roomtemperatureelongation

while exhibiting a yield strengthof-800 MPa, a fracture stressof-925MPa and

transgranularcleavagefracture.Althoughtheelongationvaluesin bothinvestigationswere

similar, it is interestingto note that theyield strengthfor thecast andextrudedalloy is

almost twice that of the rapidly-solidified alloy. The microstructureof the cast-and-

extrudedalloy consistedof fully recrystallized[_'grainsof 25_tmsizewith a thin (-10nm),

discontinuousgrainboundary)' phasewhich is in contrastto thesinglephase13'structure

of 41.tmgrain sizereportedfor therapidly solidifiedwires[28]. It is not clearwhy, despite

thesmallergrainsize(andhencethehigherexpectedyield strengthaccordingto Hall-Petch

relationships),therapidly solidifiedwires exhibit a lower yield strength.

Recently, Raj et al.[ 118] have also reported the room temperature tensile behavior

of Ni-30A1-20Fe microalloyed with 500 ppm Zr and processed through a powder extrusion

route. Although no room temperature elongation was observed, the reported yield strength

of 710 MPa was similar to the value for the cast-and-extruded alloy; the fracture mode was

also observed to be of transgranular cleavage type. Interestingly, the microstructure was

also reported to be single phase [3' (as determined by x-ray diffraction) with a 26ktm grain

size. However, no grain boundary phases were reported in the powder extruded alloys. It

is not clear why, despite similar grain size, the powder processed alloy is brittle while the

cast and extruded alloy exhibits up to 6% room temperature elongation (although the lack of

a grain boundary phase in the powder extruded alloy is a possible reason). The cooling

rates of cast and extruded alloys and powder extruded alloys are expected to be similar.

These results are conflicting and suggest that the observed room temperature mechanical

properties of the 13' alloy are highly dependent upon the processing route.

The influence of processing on room temperature ductility of Ni-30A1-20Fe is

reminiscent of the influence of processing on room temperature ductility of isostructural Ni-

50A1 where -2% elongation observed in a cast-and-extruded state is in contrast to the brittle

behavior observed in a powder processed state. Note that the cast-and-extruded NiA1
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exhibiteda <111> texture. Interestingly,a <111> texture is alsoobservedfor cast-and-

extrudedNi-30A1-20Fe.Unlike NiA1,however,a thin, disorderedgrainboundaryfilm is

also observedfor the ternary 13'alloy. Baker and Schulson[119] have suggestedthe

possibilityof increasingtheroomtemperatureductility of nominallybrittle intermetallicsby

thin,disorderedgrainboundaryphases.Sucha suggestionappearsto predicttheductility

improvement in both Ni-24A1-0.02B [107] and Ni-30A1-20Fe. Interestingly, upon

annealing at 500°C (-200 min.), while the <111> texture is still retained, the grain

boundaryphase is no longer observed. The annealedalloy is brittle which would be

indicative of the validity of Baker and Schulsonshypothesis,that is, the ductility is

enhancedby grain boundaryphasesrather thanby a <111> texture. Unfortunately, the

precipitation of fine (-10nm) 0_-Feprecipitatesin the 13'matrix (in the annealedstate)

precludesascribingtheembrittlementexclusivelyto thelackof agrainboundarydisordered

phase.Interestingly,for extrudedstoichiometricNi-50A1wherethereis nograinboundary

phasebut also exhibits limited tensileelongationdespiteits {100}<100> slip system,

Vedulaet al.[120]haveindicatedthepossibilityof roomtemperaturetensileductility being

relatedto its <111> texture. Bakerand Schulson[121], however,pointed out that for

materialsthatdeformby <100>slip, evenacrystallographictexturewill not alleviatethe

problemof lack of sufficientnumberof independentslip systems.By contrast, Chang et

al. [122], working with NiA1 single crystals, have reported that the fracture toughness is

minimum along {110} planes and suggested that a crystallographic texture may possibly

reduce the stress intensity factor along the weakest planes thereby delaying the onset of

fracture. (Note that { 110} planes were also identified as the cleavage planes in NiA1 single

crystals by Pascoe and Newey [9]). Hence, based on the results of the present

investigation, it is not possible to determine either texture or grain boundary phases as a

ductility enhancing microstructural feature. Rather, it is suggested that both texture and

grain boundary phases appear conducive to good room temperature ductility.
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27°(2Mechanical Pronerties of Multi-phase alloy: Single extruded vs Doubl_-¢xtruded

Room temperature tensile tests of alloys similar to the constituent phases of the

multi-phase alloy suggest that the large ductility of the _,/y' phase is primarily responsible

for the observed good room temperature ductility in the multi-phase alloy while the high

strength is attributable to the strength of the 13' phase. Some differences were, however,

observed between the room temperature mechanical properties of single and double-

extruded multi-phase and 13'alloys. For the multi-phase alloys, the differences between the

room temperature behavior of the single and double-extruded alloys, however, cannot

simply be attributed to microstructural refinement following a second extrusion since the

double-extruded alloy, coarsened by annealing at 1300°C (and air-cooled) still exhibits

higher elongation than the single-extruded alloy. Hence, the effect of annealing on the

room temperature mechanical behavior of the constituent phases need to be considered.

Isochronal annealing experiments on 13' and 'g/_/' phases have shown that the 13' phase

exhibits hardening and embrittlement with a 500°C anneal while the properties of the y/y

alloy are generally unaffected (for annealing temperatures up to -800°C). Like the _' alloy,

the multi-phase alloy also exhibits hardening and loss (by almost 50%) of ductility when

annealed at 500°C. Since the single-extruded alloys (both multi-phase Ni-20A1-30Fe and

_' Ni-30A1-20Fe) were sand-cooled following extrusion while the double-extruded alloys

were air-cooled, the slower rate of cooling from extrusion temperature for the single-

extruded alloys probably resulted in a microstructural state similar to the 500°C annealed

state for the double-extruded alloys. Hence, like the 500°C annealed double-extruded

alloys, the single-extruded alloy would also be expected to be stronger and less ductile than

the double-extruded (not annealed) alloys. This expectation is indeed correct for both the

1_' and the multi-phase alloy indicating that room temperature mechanical properties are

considerably affected by post-processing cooling rates.
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Elevated Temperature Mechanical Behavior of the Multi-phase Alloy

The hot-hardness and elevated temperature tensile test data indicate that while the

the strength of the 13' alloy decreases with increasing temperature, the y/l/retains its

strength up to 700°C: unlike many 7'-based alloys, no anomalous strengthening was

observed for the y/y alloy. The multi-phase alloy exhibits a behavior intermediate between

that of its constituent phases. Thus, at room temperature its yield strength (-760 MPa) is

similar to that of the 13'phase (~800 MPa) rather than that of the 1,/1/phase (yield strength

-500 MPa), while at 627°C, where the 13' phase exhibits poorer strength (-200 MPa), its

strength (-310 MPa) is similar to that of the y/_ phase (-345 MPa). Similarly, while the

room temperature elongation of 20% is similar to that of the y/y' phase (which exhibits

N28% elongation), at higher temperatures, where the y/_/' phase is brittle (Ef < 1%), the

ductility of the multi-phase alloy (34 and 100% at 627°C and 827°C respectively) is similar

to that of the 13' phase (27 and 97%). This indicates that over the temperature range 300-

827°C, the multi-phase alloy avoids the problems associated with each of its constituent

phases at any particular temperature. The poor elevated temperature strength of the multi-

phase alloy can be ascribed to both the poor elevated temperature strength of the 13'

constituent phase as well as the dissolution / disordering of y' particles into T and the lack

of anomalous strengthening of the T/_ phase. The variation of the yield strength with

temperature for the ]3' alloy Ni-30A1-20Fe is similar to that of both stoichiometric and off-

stoichiometric NiA1 alloys [4,5], although the transition temperatures (Tt) are different due

to differences in solidus temperatures [ 1,7]. Interestingly, powder processed Ni-30AI-

20Fe microalloyed with 500 ppm Zr [118], while exhibiting similar high temperature

strength characteristics to the undoped Ni-30A1-20Fe, also exhibited a higher brittle-to-

ductile transition temperature than the undoped Ni-30A1-20Fe processed through a cast-

and-extrusion route.
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Recently,the yield strengthof DS Ni-20A1-30Fewasmeasuredin compression

over thetemperaturerange100-627°C[123]. Theroomtemperaturemicrostructureof the

DS alloyhasbeendiscussedabove.Thephasesobservedatroomtemperatureweresimilar

to thoseobservedin thepresentinvestigation(materialprocessedthrougha castingand

extrusionroute) andthoseof Huanget al. [108], who studiedrapidly solidified ribbons.

While theelevatedtemperaturebehaviorfor theDS alloywassimilar to thatreportedin this

study,theroomtemperatureyield strength(500MPa)andtensileelongation(10%)were

lower thantheyield strength(760MPa)andtensileelongation(~20%)reportedhere. The

differencesin roomtemperaturemechanicalbehaviorareprobablyrelatedto differencesin

thescaleof themicrostructure(0.51.tmlamellaewidth for castandextrudedNi-20A1-30Fe

comparedto -4ktmlamellaewdith for theDSalloy).

7/Y Alloy Ni- 12A1-40Fe

While the elevated temperature mechanical behavior of the _' phase examined here

is typical of B2 alloys, the mechanical behavior of the y/'y' alloy is worth further comment.

Horton et al.[90] studied the elevated temperature mechanical behavior of some Ni-Fe-A1

),'-based alloys containing up to 20 at.% iron and reported a positive temperature

dependence of the yield strength in each case. The degree of anomalous strengthening (i.e.

difference in strength between 600°C and room temperature) was approximately constant

for up to 10 at.% iron but decreased for alloys with higher iron concentrations. For

example, the alloy Ni-15A1-20Fe exhibited nearly the same yield strength at 27°C and

600°C. If the trend is assumed to continue for higher iron concentrations, the lack of any

positive temperature dependence of yield strength for the y/'/' alloy Ni-12A1-40Fe is not

surprising. Beardmore et al.[98] have shown that for Ni-Cr-AI 7/_/' alloys the degree of

anomalous strengthening is sensitive to volume fraction of _/' precipitates, and increases

with increasing volume fraction of precipitates. The observed behavior of 1f/I/Ni-12A1-

40Fe is similar to the low (about 10-20%) y volume fraction alloys of Beardmore et
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a1.[98]. However,thevolumefractionof 7' precipitatesin Ni-12A1-40Feis muchhigher

(seechapter4), thustheobservedlack of anomalousstrengtheningprobablyreflects the

intrinsic behaviorof thealloy. Betweenroom temperatureand850°C,Horton et al.[90]

alsonoted an increasein yield strengthwith increasingiron concentration. The room

temperaturestrengthof Ni-15A1-20Fe(637MPa) theyexaminedwashigher than thatof

Ni-12A1-40Fe(507 MPa) examinedhere, indicating the deleteriouseffect of high iron

concentrationon the strengthof 7' phases.Theductility drop at elevatedtemperaturefor

the),/7'alloy Ni-12A1-40Fewasalsoobservedin thealloys studiedby Horton et al.[90].

While the effect hasoften beenascribedto dynamicembrittlementby oxygen [72], the

observationof voidslimited to only the"y/7' phase in the interior of the multi-phase alloy,

where it could be assumed to be shielded from ambient oxygen by the 13' phase, indicates

the possibility that the brittle behavior is intrinsic to the alloy at intermediate temperatures.

For alloys containing up to 20 at.% iron, Horton et al.[90] observed the embrittlement to be

most severe at 850°C, while for the Ni-12A1-40Fe studied here the corresponding

temperature was -627°C, indicating that the embrittlement temperature may be composition

dependent.

Deformation Behavior of Multi-phase alloy

Turning now to the deformation modes, Field et al.[97] have reported the presence

of a few <111> dislocations in the 13' phase, although the majority of the dislocations had

a <100> Burgers' vector. By contrast, only <100> dislocations were observed in the pro-

eutectic _' phase of Ni-20A1-30Fe and in the cast and extruded 13' alloy Ni-30A1-20Fe.

The difference could be related to the fact that while the thin foils examined by Field et

a1.[97] were strained -10%, those examined in the present work were strained -2%, thus

the stress in the former case presumably reached a level sufficient for activation of <111>

slip. The activation of <111> slip in the ]3' phase at higher stress levels may provide

additional deformation modes. It is emphasized, however, that <001> slip is the
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predominantdeformationmodein the 13'phaseof the multi-phaseaggregate,which is

consistentwith theobservationthat <001>slip occursin the13'-structuredalloy Ni-30A1-

20Feuntil fracture. Further, the primary deformationmechanismfor 13'phase,namely

glide of <100>dislocations,doesnot changebetween27°C and827°C,although<110>

dislocations arising from the interaction of <100> dislocationsmay contribute to the

deformation of 13'phase at higher temperatures. Similar observations of <110>

dislocationsin 13'NiA1 deformedat elevatedtemperatureshasbeennotedby Lloyd and

Loretto[124], ZaluzecandFraser[125],Lasalmonie[126]andBakerandSchulson[121].

Mobile segmentsof <110>dislocationsmayalleviatethegrainboundaryincompatabilities

resulting from only three independentslip systemsprovided by <001> slip [12] by

providing additionalslip systems.By contrast,Ball andSmallman[127] havesuggested

that elevated temperaturedeformation occurs through climb and cross slip of <100>

dislocations. Such a suggestionwould also be difficult to rule out in view of the

dependenceof Tt on melting point noted earlier. It is possible that both the above

mechanismsareactivein the elevatedtemperaturedeformationof 13'alloys. For the'y/_'

phase deformation occurs by the motion of <110> dislocations at low temperature but

1/2< 110> dislocations at elevated temperatures when disordering has occurred.

Returning to room temperature deformation, Field et a1.[97], Larsen[113] and

Huang et al.[108] have reported observations which they suggest indicate slip transfer

between the 13' and _/_/grains, and which thus are the reason for ductility in Ni-20A1-

30Fe. Larsen[113] suggested that the production and emission of dislocations at the

interphase interface, arising from the need to maintain plastic continuity between the

phases, was the reason for ductility in Ni-20A1-30Fe. Field et a1.[97] and Huang et

al.[108] also reported ledges at the interphase interface which align with the {111 } planes

of the fcc phase and suggested that those arose from the deformation process, and facilitate

the transmittal of dislocations across the interface, thereby imparting ductility top the alloy.

While the transmittal of deformation across the interface was indeed confirmed by TEM in-
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situ experiments,it shouldbeemphasizedthat deformationtransferdid not necessarily

imply transferof slip dislocations. The evidencepresentedindicates that while slip

transfer,assuggestedby Huanget al.[108],doesoccurfor speciallyaligned13'-y/-/'grains,

with thedeformationindeedresultingin ledgeswhich alignwith the {111} planeof y/_/'

phase,themajorityof thegrainsarerelatedby a Kurdjumov-Sachsrelationshipwheresuch

slip transfer is not observed(seesectionon in-situ strainingin chapter4). Rather,the

predominantmodeof deformationtransferappearsto be thestress-assistednucleationof

slip in adjacentgrains. Deformationtransmittaloccursbothfrom 13'to7/_/'phasesandvice

versa.

TEM in-situ experimentobservationsmayalsoexplainthelower (-10%) ductility

observedby Field et a1.[97]in their rapidly solidified ribbonscomparedto 17%in rapidly

solidified wires and 22% in cast-and-extrudedstate;the difference may be related to

differencesin geometryof test specimens.As observedduring in-situ straining,the y/_/

phasein thin foils aremorelikely to generatecracksalongslip bandswhicharetransferred

to the more brittle [3' phase,hence the multi-phase aggregateis more likely to fail

prematurely in a thin-foil (ribbon) form than as a wire or a dumb-bell shapedtensile

specimen.

Multi-phase Alloy I_ign

This study of deformation behavior points to an interesting alloy-design

philosophy. While NiAl-based [3' alloys are attractive due to their low density and good

oxidation resistance, their ambient temperature brittleness and poor yield strength and creep

resistance at elevated temperatures are disadvantageous. By contrast, while Ni3Al-based "/

alloys exhibit good high temperature strength (due to anomalous strengthening) and better

creep properties (than lY alloys) along with good room temperature ductility (at least for

boron doped nickel-rich alloys), they can exhibit brittle behavior at elevated temperatures

(600°C-800°C) in air. Furthermore, the density and oxidation resistance properties of the 7'
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alloys areworsethan 1]'alloys dueto their lower aluminumcontent. The 1]'+y'(or 1]'+

y/y) multi-phasealloys, however,mayoffer acompromisein ductility andstrength,both

atroomtemperatureandat elevatedtemperatures,with eachphasealleviatingtheproblems

associatedwith theotherconstituentphaseat anytemperature.Also, since y/7' alloys are

more creep resistant than 7' alloys, the addition of some suitably chosen _,/7' alloy (which

exhibits anomalous strengthening, see ref. 90) may offer the additional advantage of

improved creep strength. Interestingly, Russell and Edington [20] reported high yield

strength (700 MPa), independent of temperature up to 700°C, for a heat-treated I]'+7' alloy,

Ni-36A1. Hot hardness tests on Ni-36A1 (chapter 7), processed similar to the multi-phase

alloy, indicated high strength up to 700°C thereby confirming the behavior observed by

Russell and Edington. Note that the "/' phase in Ni-36A1 is Ni3A1 which exhibits

anomalous strength behavior at high temperatures and remains ordered up to its melting

point. Thus, improved high temperature strength in multi-phase (1]' + _/7') Ni-Fe-A1 alloys

could be obtained by the addition of some suitably chosen (Ni-Fe)3(Fe,A1) phase which

exhibits anomalous strength behavior and remains ordered up to its melting point.
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SUMMARY OF MAJOR RESULTS

Mechanical testing, fractography, optical and scanning electron microscopy of

polished longitudinal sections and transmission electron microscopy of thin foils from both

undeformed and deformed samples (deformed at both room and elevated temperatures) of

the cast and extruded multi-phase alloy Ni-20A1-30Fe and alloys similar to its constituent

phases have shown that:

1. The microstructure of Ni-20A1-30Fe consists of a pro-eutectic 13' phase (of approx.

composition Ni-30A1-20Fe) in a multi-phase eutectic. The eutectic also consisted of a 13'

phase (of composition Ni-32A1-17Fe); the microstructure of the other eutectic phase (of

composition Ni-12A1-40Fe) was concluded to be y/7' (i.e. y precipitates in a f.c.c matrix).

2. The double-extruded multi-phase alloy exhibited a room temperature yield strength of

760 MPa and about 20% elongation. By contrast, the 13' alloy exhibited up to 6%

elongation while the 3'/7' Ni-12A1-40Fe exhibited a lower yield strength of 507 MPa and

higher elongation (up to 37%).

3. When annealed at 500°C, a fine precipitation of o_-Fe in the [3' matrix was observed. In

this annealed state, the 13' alloy Ni-30A1-20Fe was brittle and the yield strength increased to

1000 MPa. The multi-phase alloy also exhibited a reduction in ductility (measured at 10%)

and increase in yield strength (850 MPa) after a similar anneal. The 3'/7' alloy was

essentially unaffected by this heat treatment.

4. When annealed at 750°C, instead of ot-Fe dispersion in the 13' matrix, a grain boundary

3' phase was observed in the 13' alloy Ni-30A1-20Fe. After this anneal, the 13' alloy was

ductile (2%) while the strength decreased to 700 MPa. By contrast, the precipitation of a
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[3'grain boundaryphasewas observedin the T/Y'alloy Ni-12AI-40Fe which led to a

decreasein ductility andslightincreasein yieldstrength.Themechanicalpropertiesof the

multi-phasealloy after annealingat 750°C were essentiallysimilar to thosein the as-

extrudedstate.

5. The elevated temperature strength of the 13' alloy Ni-30AI-20Fe is typical of a B2

compound viz., a yield strength plateau (at -800 MPa) up to -425°C after which the

strength decreased rapidly while the ductility increased (from -2% elongation at room

temperature) with increasing temperature.

6. The y/y' alloy exhibited a gradual decrease in strength (from 507 MPa at room

temperature) with increasing temperature to 625°C, above which the strength decreased

more rapidly due to the coarsening and eventual dissolution of the _' precipitates into the T

matrix. The failure strain was high at low temperatures (37% elongation at room

temperature) but a ductility drop occurred at elevated temperature (to < 1% elongation), a

feature observed in several related alloys [90].

7. The yield strength of the multi-phase alloy decreased slowly from 760 MPa at room

temperature to 310 MPa at 625°C, after which it fell rapidly. The behavior was similar to

that of its constituent phases. In contrast, the alloy exhibited good ductility at all

temperatures, indicating that the arrangement of the constituent phases could ameliorate the

inherent brittleness of the individual phases.

8. Slip was by <100> dislocations in the [3' phase at all temperatures. Slip in the Y/T'

phase was by paired 1/2<110> dislocations at low temperature but by single 1/2<110>

dislocations at elevated temperatures where the "/' precipitates had dissolved.
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9. The ductile behaviorof themulti-phasealloy Ni-20A1-30Feat room temperatureis

relatedto theductility of theconstituent7/_/phase,Ni-12A1-40Fe.While failureoccurred

by thecatastrophicpropagationof cracksnucleatedin the 13'phase,oneway the1,/1/phase

improvestheductility of themulti-phasepolycrystallineaggregateis by inhibiting thecrack

propagationprocess.

10. During in-situ strainingof multi-phase alloy samples at room temperature, transfer of

deformation across the 13'-'//7' interface was observed which indicates that besides

inhibition of crack propagation process, the ),/7' phase also improves ductility by easing

the transmittal of deformation across grains (phases) in the polycrystalline aggregate.

11. The creep behavior of the double-extruded multiphase alloy at 827°C is similar to that

of its constituent 13'phase; by contrast, the y/7' phase is more creep resistant. Coarsening

of the microstructure improved creep resistance indicating that interfacial sliding contributes

significantly to the creep deformation of the multi-phase alloy.

12. Microalloying with boron did not significantly influence either the room temperature

or the high temperature mechanical behavior of the multi-phase alloy Ni-20A1-30Fe.
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CONCLUSIONS

Fromthepresent study, it is concluded that:

o Macroalloying NiA1 with Fe indeed results in improved room temperature

ductility and yield strength although the deformation mechanism (slip vector)

remains unchanged.
r

° <100> slip does not necessarily result in brittle behavior for [3' alloys; other

microstructural features like disordered grain boundary phases and texture

are also important.

o Multi-phase approach to alloy design appears to be promising for

intermetallics since the deficiencies in mechanical properties of any one phase

may be alleviated by the addition of a suitably chosen second (or multiple)

phases.

o The extensive room temperature ductility of the multi-phase alloy is attributed

to deformation transfer across interphase interfaces and crack stopping by the

more ductile (3'/'_) constituent phase.
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SUGGESTIONS FOR FUTURE WORK

The effect of texture on the mechanical properties of ordered alloys, especially those

limited by the number of independent slip systems (e.g B2, D019 alloys) or those limited

by the number of operative slip systems (e.g. L10 alloys), needs a closer examination.

Chang's suggestions of different fracture toughness of single crystal intermetallics

depending upon the orientation needs to be examined in case of other alloys like TiA1,

Ti3A1, MoSi2 etc. It may be possible to improve the mechanical properties of such

intermetaUics by some suitable texture to the polycrystalline aggregate.

Similarly, the effect of disordered grain boundary phases on the room temperature

mechanical behavior, especially ductility, needs to be determined in some other intermetallic

systems like TiA1. Note that for TiA1, at A1 deficient compositions (in the composition

range 50-52 at.%A1 and sufficiently high temperatures, a disordered [3 phase lies adjacent

to the _, TiA1 phase field. It may be possible that the observed trend of increasing ductility

with decreasing A1 contents (closer to the two-phase field) may be due to the retention of a

thin (of the order of nm) disordered grain boundary film, possibly similar to Ni3AI, during

cooling of the microstructure from high temperatures. Although no such disordered grain

boundary phases have been reported in the literature, a careful examination of the grain

boundaries is warranted before the suggestion may be ruled out.

In view of the strong interest in B2 alloys, it is expected that further Ni-Fe-A1 B2

alloys will be examined for their room temperature mechanical behavior. The observed

room temperature ductility of ~6% for cast and extruded Ni-30AI-20Fe is interesting,

especially since other investigators have failed to reproduce the property for the same alloy

composition through powder processing. This indicates that powder processed

intermetallics alloys which have been reported to be brittle in the past should be re-

examined after processing through a casting and extrusion approach.
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Finally, althoughthemulti-phasealloy itself exhibitedsomeinterestingpropertites

bothatroomtemperatureandelevatedtemperatures,furtherdevelopmentof suchaclassof

alloys basedon a three-phase"y+13'+13" or even four-phase _//y' + 13' + 13" microstructures

is required (_" being the Heusler phase). Some efforts in this direction (on Ni-A1-Ti

alloys) are already under way at the University of Cambridge under the leadership of

Prof.R.W. Cahn. Although no such Heusler phases are observed in the Ni-Fe-A1 system,

the available ternary phase diagrams indicate that such systems are possible in Fe-Ti-A1,

Co-Ti-A1 etc. For Ni-Fe-AI alloys, the most promising results, however, are the observed

room temperature ductility in B2 alloys. It should also be noted that Dr. R. Darolia

(General Electric- Aircraft Engines) has recently indicated that microalloying NiA1 single

crystals with iron dramatically improves the tensile ductility. A better understanding of the

effect of Fe additions at the ppm level on the room temperature tensile ductility is required.
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APPENDIX I

In this section, the processing parameters for the second extrusion of the alloys,

which were carried out at NASA Lewis Research Center, are enclosed for possible future

reference. The extrusion data sheets for the first extrusion of each alloys, which were

carried out at Oak Ridge National Laboratory, were not available. The following is a brief

summary of the extrusion parameters from the enclosed sheets:

Alloy Reduction Extrusion Break thru Running Punch

Ratio Temp., °C Pressure, ksi Press.,ksi Speed

Ni-20A1-30Fe 6:1 1000 147.1 122.6 5.5

(Batch #1) 6:1 1000 177.8 131.8 5

Ni-20A1-30Fe 6:1 1100 105.9 86.9 2.7

(Batch #2) 6:1 1000 108.6 95 2.5

Ni- 12A1-40Fe 16:1 1200 132.7 90.5 -

Ni-30A1-20Fe 6:1 1000 159.4 122.6 5.5

6:1 1000 92.4 74 7.3

Ni-40A1- 30Fe 6:1 1000 156.3 128.7 5

6:1 1000 104 73.5 6.9

Ni-36A1 16:1 1200 129 80 6.1

Ni-35.9A1-0.2B 16:1 1200 132 89 6.1

Ni-20A1-30Fe-0.2B 16:1 1200 110 73.5 6.9
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En.qineer's Name: GAYDOSH

Eng 's ID: .................

HOT EXTP.USION DATA SHEET

(F'FS-HotEx tDS)

J
f

Che_'q_e Number: YOG-2272

General Type of Material: IHTERMETALLIC

l-___te Submitted: 88,"_z_4

Date Completed: 88/04

Nominel Composition: NI-2OAL-3':I_FE

Type of Billet: CANNED SOLID (F'REVIOSLY EXTRUDED AT 7: I, II00 C)

Size of Billet (inchem) Di__meter: 2 Len.gth: 5.5

Proposed Ex t r_.,__ion

Conditions

TemperatLtre (F> : 1832

Type of Die: ROUND

F',_tnch Speed (inch/min) : MAX

Special Conditions:

Reduction Ratio: 6:1

Safet,x Checl:s Lea+: Test: NA

He+t Te__t (2h J50,:'+F>: NA

Date:

Date:

Actual Extrusion

Conditions

Post Test Analysis

of Extrusion

Date: 22Apt88

Crew:

Temper'eture: 1°=°_,_,

Type of Die F:ound: X

Speciml Conditions:

Ext. ID: L_-2401

Reduction Rmtio: 6:1

Sh Bar: Other': Angle: 90

Valve Selection

(X to specify)

I/8:

3.5: X

7/16: F't+eset Punch Speed:

Valve Opening:

Side Rem: X

Main Ram:

Comb Rmm:

F'ress,__re (psi) : 3150

F't'essu_'e (psi) :

Pressure (psi) :

Max Tonr, eBe: 34 ([,

Max Tonnage:

Max Tonr, aqe:

Lubricant Container': Dylon Graphite Paper: X

Die: For-mkote

Dummy Thickness: Carbon Thir_kness:

Container Mat: Cont Temp (F): Times Used: ii

Stem Mmteri_l: Stem ID: Times Used: li

Time at Temperature (h) : 2.4 Transfer Time (s) : 8.6

S,_,-essfL!I: X

Common t :

Unst,cessfutl:

Shooter: Butt left in Die:

Break thru F'ressure (ksi) : 147. 1

Running Pressut'e (ksi): 122.6

Condition of Extrusion:

Sticker:

Punch Speed : 5.5

Time to Ext: i

Length of Ext: 2_'>.5
Condition of Die:

Nominel Cross Section: .87" di

Gener'+ 1 Comments:
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Engineer's Name: GAYDOSH

End's ID:

HOT EXTRUSION DATA SHEET'

(PFS-HotEx tDS)

0J

Charge Number: YOG-2272

General Type of Material: INTERMETALLIC

Date Submitted: 88/'04/

Date Completed: 88/04/

Nominal Composition: NI-36AL :_'-_oAA--3oFe

Type of Billet: CANNED SOLID (F'REVIOSLY EXTRUDED AT 7:1, 1100 C)

Size of Billet (inches) Diameter': 2 Length: 5.5

Proposed Extrusion

C ond i t ions

Temperature (F): 1832

Type of Die: ROUND

Punch Speed (inch/min): MAX

Special Conditions:

Reduction Ratio: 6:1

Smfety Checks Leak Test: NA

Heat Test (2h 1500F): NA

Date:

Date:

Actual Ext_'usion

Conditions

Post Test Analysis

of Extrusion

Dete: 22Ap_88

C few :

Temperature: 1832

Type of Die Round: X

Special Conditions:

Ext. ID: L-2400

Reduction Ratio: 6:1

Sh Bar: Other: An_le: 90

Valve Selection

(X to specify)

1/8:

3.5: X

7/16: Preset Punch Speed:

Valve Opening:

Side Rmm: X

Main Ram:

Comb Ram:

Pressure (psi) : 3150

F'ressu_-e (psi) :

F'ressur'e (psi) :

Max Tonnage: 340

Max Tonnage:

Max Tonnase:

Lubricant Container: Dylon G_-aphite Paper: X

Die: Formkote

Dummy Thickness: Carbon Thickness:

Container Mat: Cont Temp (F): Times Used: 184

Stem Material: Stem ID: Times Used: 184

Time at Temperature (h) : 2.2 Transfer Time (s) : 12. 1

Sucessful: X

Comment:

Unsucessful :

SInootet_: Butt left in Die:

B_'eak th_'u F'cessu_-e (ksi) : 177.8

Runnin9 Pressure (ksi): 131.8

Condition of Extrusion:

Sticke_':

Punch Speed: 5 "/s

Time to Ext: I. I

Length of Ext: 21.8

Condition of Die:

Genera I Comments:

Nominal Ct_oss Section: .87" dia
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HOT EXTRUSION DATA SHEET

('_FS-HotExtDS)

Engineer's Name: Whittenberger

Eng's ID: Sumit-99 Charge Number: YOGI265

Date Submitted: 90/06/

Date Completed: 90/06/

General Type of Material:

Nominal Composition: N,- 2_A{- ,-el',"

Type of Billet: Solid

Size of Billet (inches) Diameter: 3 Length: 6

Proposed Extrusion

Conditions

Temperature (F): 2012

Type of Die: Round

Punch Speed (inch/min): Max

Special Conditions:

Reduction Ratio: 6:1

Safety Checks Leak Test: NA

Heat Test (2h 1500F): NA

Date:

Date:

Actual Extrusion

Conditions
Date: 90/06/08
Crew:

Temperature: 2012

Type of Die Round: X

Special Conditions:

Ext. ID: L-2698

Reduction Ratio: 6:1

Sh Bar: Other: Angle: X

Valve Selection

(X to specify)

1/8: 7/16: Preset Punch Speed:

3.5: X Valve Opening:

Side Ram:

Main Ram: X

Comb Ram:

Pressure (psi) :

Pressure (psi) : 3350

Pressure (psi):

Max Tonnage:

Max Tonnage: 640

Max Tonnage:

Lubricant Container: Dylon Graphite Paper: X
Die: Formkote

Dummy Thickness: 2 Carbon Thickness: 1.5

Container Mat: NU DIE V Cont Temp (F): 600 Times Used: 497
Stem Material: NASA 218 Stem ID: NASA #i Times Used: 477

Time at Temperature (h): 3.1 Transfer Time (s) : 7.5

Post Test Analysis

of Extrusion

Sucessful: X Unsucessful:

Comment:

Shooter: Butt left in Die:

Break thru Pressure (ksi): 105.9

Running Pressure (ksi): 86.9

Condition of Extrusion:

Sticker:

Punch Speed: 2.7 "/

Time to Ext: 2.2 s

Length of Ext: 30.3
Condition of Die:

Nominal Cross Section: 1.26

General Comments:
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HOT EXTRUSION DATA SHEET

(_FS-HotExtDS)

ngineer's Name: Whittenberger

ng's ID: Re:sumit-99 Charge Number: YOGI265

Date Submitted: 90/06/08

Date Completed: 90/06/08

eneral Type of Material: Re-extrusion of piece from L-2698

ominal Composition: _,. _A_- ._r_

ype of Billet: Solid

ize of Billet (inches) Diameter: 3

roposed Extrusion
Conditions

Temperature (F) : 1832

Type of Die: Round

Punch Speed (inch/min): Max

Special Conditions:

afety Checks Leak Test: NA

Heat Test (2h 1500F): Na

Length: 6

Reduction Ratio: 6:1

Date:

Date:

Ext. ID: L-2703

Reduction Ratio: 6:1

Sh Bar: Other: Angle: 90

ctual Extrusion

Conditions
Date: 90/06/22

Crew:

Temperature: 1832

Type of Die Round: X

Special Conditions:

Valve Selection

(X to specify)

1/8: 7/16: Preset Punch Speed:

3.5: X Valve Opening:

Side Ram:

Main Ram: X

Comb Ram:

Pressure (psi):

Pressure (psi): 3350

Pressure (psi):

Max Tonnage:

Max Tonnage: 680

Max Tonnage:

Lubricant Container: Dylon Graphite Paper: X
Die: Formkote

Dummy Thickness: 2 Carbon Thickness: 1.5

Container Mat: Nu Die V Cont Temp (F) : 600 Times Used: 502

Stem Material: NASA 218 Stem ID: NASA #i Times Used: 482

Time at Temperature (h): 2.5 Transfer Time (s) : 6

ost Test Analysis

of Extrusion

Sucessful: X Unsucessful:

Comment:

Shooter: Butt left in Die:

Break thru Pressure (ksi): 108.6

Running Pressure (ksi): 95

Condition of Extrusion:

Sticker:

Punch Speed: 2.5 "/s
Time to Ext: 2.4 s

Length of Ext: 32.5

Condition of Die:

Nominal Cross Section: 1.283

General Comments:
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l-iUi E,", IKUb.LUH U_-._IA %HEEl
(F'FS-HotEx tDS)

En.qinee_ _'s Name: GAYDOSH

En..q's ID: "'_ (SUMIT2) (NO STEM)Ch_r._e Number: YOG-_-.7z.

__neral Type of Material: INTERMETAI...I_IC

Nominal Composition: NI-40FE-12AL.

Type of Billet: CANNED CASTING

Size of Billet (inches) Diemeter: 2

F't-oposed E;.,'t rLtS ion

Condi t ier_s

Temperature (F) : 2192 F

Type of Die: ROUND

Punch Speed (incln/min) : MAX

Special Conditions:

Safety Checks L.eak Test: NA

Heat Test (2h 150C_F) : NA

Date:

Date:

Date Submitted: 88/10

Date Completed: 88110

Length: 5.5

Reduction Ratio: 16:1

Actual Extrusion

Conditions

F'ost Test Analysis

of Extrusion

i

Date: 88/Io/21

Crew:

Temperature: _'ic72.. F

Type of Die Round: X

Special Conditions:

E'.,'t. IO: L--.'4._.9

Reduction Ratio: 16:1

Sh Bar: Other: An.91e: 9A

Valve Selection

(X to specify)

I/8:

3.5: X

7116: Preset F'unch Speed:

Valve Openinq:

_.eide Ram: X

Main Ram:

Comb Ram:

Pressure (psi) : 3150

Pressure (psi) :

Pressure (psi):

Max Tonnage: 340

Max Tonnage:

Max Tonnage:

Lubricant Container: FORMKOTE Graphite Paper: X

Die: DYLON

Dummy TInickness: 2 Cat-bon Thickness: 1.5

E;onte. iner Mat: NU DIE V'Cont Temp (F): 600 Times Used: 21
Stem Material:" ".--' Stem ID: NEW Times Used: 21

-rime at Temperature (h) : 1.5 Transfer Time (s): <10

Sucessful: X

Comment:

Unsucess fu i :

Slnooter: Butt left in Die:

Break thru Pressure (ksi) : 132.7

F',unnin_ Pressure (ksi) : 90,5

Condition of E'.,'t_-usion:

St i c ker :

Punch Speed:

Time to Ei.'t:

Length of Ei.'t: 57
Condition of Die:

Nominal Cross Section: 0.56

Gener_l Cc>mments: NO CHART PAPER; STRESSES ESTIMATED

FROM GAGE PRESSURE READINGS
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"_.

Enqineer°s Name: GAYDOSH

En 9's ID: _/WHITE

HOT EXTRUSION DATA SHEET

(PFS-HotExtDS)

ChaP-ge Number': YOG-2272

General Type of MateP-ial: INTERMETALLIC

Nominal Composition: NI-_OAL-2OFE

Date Submitted: 89/04/;

Date Completed: 88/04/+"

Type of Billet: CANNED SOLID
Size of Billet (inches)

(PREVIOSLY EXTRUDED AT 7: I, 1100 C)

Diameter': 2 Length: 5.5

Proposed ExtP-usion
Conditions

Temperatur'e (F): 1832

Type of Die: ROUND

Punch Speed (inch/min): MAX

Special Conditions:

Reduction Ratio: 6:1

Safety Checks Leak Test: NA

Heat Test (2h 150OF) : NA

Date:

Date:

Actual Extrusion

Conditions

Post Test Analysis
of ExtrLTsion

Date: 22Ap r88

Crew:

Temper-ature: 18_2

Type of Die Round: X

Special Conditions:

Ext. ID: L-_4.=

Reduction Ratio: 6:1

Sh Bat': Other: Anqle: 90

Valve Selection

(X to specify)

I/8: 7/16: Preset Punch Speed:

3.5: X Valve Openinq:

Side Ram: X F ressur-e (psi) : 315<],

Main Ram: Pressure (psi) :

Comb Ram: Pressure (psi) :

Max Tonnage: 340

Max Tonnage:

Max Tonnage:

Lubricant Container': Dylon Graphite Paper': X
Die: Formkote

Dummy Thickness: Carbon Thickness:

Conteinet" Mat: Cont Temp (F): Times Used: 186
Stem Material: Stem ID: Times Used: 186

Time at Temperature (h): 2.5 Transfer Time (s) : II.3

Sucessful: X Unsucessful:

Common t :

Shooter-: Butt left in Die:

Br'eak tht-u Pcessure (ksi) : 159.4

Running Pressure (ksi) : 122.6

Condition of Extr'usion:

Sticker':

Punch Speed: 5.5 "/_

Time to Ext: I

Length of Ext: 21.5

Condition of Die:

Nominal Ct-oss Section: .87" DIA

General Comments:

263



HOT EXTRUSION DATA SHEET

(PFS-HotExtDS)

Ensineer's Name: GAYDOSH ,,

E-=_'s ID: PINK/WHITE Char_e Number: YOG-Iz6_.
,?

General Type of Material: INTERMETALLIC

Nominal Composition: NI-30AL-20FE

Type of Billet: CANNED SOLID (PREVIOUSLY EXTRUDED)

Size of Billet (inches) Diameter: 2

P_'oposed Extrusion

Conditions

8 0 _ YTempe_ature (F): 1 _

Type of Die: ROUND

Punch Speed (inch/min): MAX

Special Conditions:

Safety Checks Leak Test: HA

Heat Test (2h 1500F) : NA

Date:

Date:

Date Submitted: 89/01/

Date Completed: 89/03/

Lensth: 5.5

Reduction Ratio: 6:1

Actual Ext_usion

Conditions

Post Test Analysis

of Extrusion

Date: 89/03/03 Ext. ID: L-2477

C re_ :

Tempet'etu_e: 1832 F Reduction Retio: 6:1

Type of Die Round: X Sh Ba_: Othe_:

Special Conditions:

Ansle: 90

Valve Selection

(X to specify)

i/8: 7/16: F'r_eset Punch Speed:

3.5: X Valve Opening:

Side Ram: X Pressure (psi) : 3150

Main Ram: F'ressu_e (psi) :

Comb Ram: Pressure (psi):

Max Tonnage: 340

Max Tonnaqe:

Max Tonnage:

L[_.b_'icant Containe_: DYLON Graphite F'aper: X

Die: FORMKOTE

Dummy Thickness: 2 Carbon Thickness: 1.5

Container Mat: NU DIE V'Cont Temp (F): 6_]0 Times Used: 26._

Stem Mate_-ial: ? Stem ID: NEW Times Used: 26_

Time at Temp _et__ure (h): 1.3 Trmnsfer Time (s): 9.2

Sucessful: X

Common t :

Unsucessful :

Shooter: Butt left in Die:

Break thru Pressure (ksi): 92.4

Runnin 9 Pressu_e (ksi): 74

Condition of Ext_-usion:

St icker:

F'unch Speed: 7.3 ",

Time to Ext: .75 s

Length of Ext: 19"

Condition of Die:

Nominal Cross Section: .873 " dl

Generm i Comments:
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HOT EXTRUSION DATA SHEET

<F'FS-HotEx tDS)

Eng'i_neer's Name: GAYDOSH t _

Eng's ID: _ Charge Number: YOG-2272

Genet-al Ty Material: INTERMETALLIC

Nominal Composition: NI-_OAL-30FE

Type of Billet: CANNED SOLID (PREVIOSLY EXTRUDED AT 7:1, 1100 C)
Size of iBillet (inches) Diameter: 2 Length: 5.5

Proposed Extrusion Temperature (F) : 1832

Conditions Type of Die: ROUND

Punch Speed (inch/min) : MAX

Special Conditions:

Dote Submitted: 88/04/

Date Completed: 88/04/_

Reduction Ratio: 6:1

Safety Checks Leak Test: NA

Heat Test (2h 150OF) : NA

Date:

Date:

Actual Extrusion

Conditions

Post Test Analysis

of Extrusion

Dmte: 22Apt88 Ext. ID: L-2403

Ct'ew:

Tempermture: 1832 Reduction Ratio: 6:1

Type of Die Round: X Sh Bar: Other:

Speci_l Conditions:

Angle: 90

Valve Selection

(X to specify)

I/8:

3.5: X

7/16: Preset F'u_nch Speed:

Valve Opening:

Side Ram: X

Main Ram:

Comb Ram :

Pressure (psi) : 3150

Pressure (psi) :

Pressure (psi) :

Max Tonnaqe: 340

Max Tonnage:

Max Tonnage:

L[,bricant Container: Dylon Graphite Paper: X

Die: Formkote

Dummy Thickness: Carbon Thickness:

Container Mat: Cont Temp (F): Times Used: 187

Stem Material: Stem ID: Times Used: 187

Time at Temperature (h) : 2.6 Transfer Time (s) : 9

Sucessful: X

Comment :

Unsucessful :

Shooter: Butt left in Die:

Break tht'u Pressure (ksi) : 156.3

Runnin9 Pressure (ksi) : 128.7

Condition of Extrusion:

Sticker:

Punch Speed: 5 "/s
Time to Ext: I. I

Length of Ext: 21.8

Condition of Die:

Nominal Cross Section: .87" dia

Generml Comments:
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HOT EXTRUSION DATA SHEET
(PFS-HotExtDS)

Ensineer's Name: GAYDOSH

E[l._'s ID: ORANGE/GREEN Ch_,r_e Number: YOG-1265

General Type of Matet-ial: INTERMETALLIC

Nominal Composition: NI-40AL-30FE

Type of Billet: CANNED SOLID (PREVIOUSLY EXTRUDED)

Size of Billet (inches) Diameter': 2

Proposed Extrusion

Condi t ions

Temperatu_-e (F): 1832 F

Type of Die: ROUND

Punch Speed (inch/min): MAX

Special Conditions:

Safety Checks Leak Test: NA

Heat Test (2h 1500F) : NA

Date:

Date:

Date Submitted: 89/01

Date Completed: 89/0_

Length: 5.5

Reduction Ratio: 6:1

Actual Extrusion

Conditions

Post Test Analysis
of Extrusion

Date: 89/03/03

Crew:

TempermtL, re: 1832 F

Type of Die Round: X

Special Conditions:

Ext. ID: L-2476

Reduction Ratio: 6:1

Sh Bat-: Other- : An_le: 90

Valve Selection

(X to specify)

i/8:

3.5: X

7/16: Preset Punch Speed:

Valve Opening:

Side Ram: X Pressure (psi) : 315(,

Main Ram: Pressu_'e (psi) :

Comb Ram: Pressure (psi) :

Max Tonnmqe: 340

Max Tonnaqe:

Max Tonnage:

Lubr-icant Container-: DYLON G_-aphite Paper: X
Die: FORMKOTE

Dummy Thickness: 2 Carbon Thickness: 1.5

Containe_ _ Mst: NU DIE V'Cont Temp (F): 600 Times Used: 26

Stem Material: ? Stem ID: NEW Times Used: 26

Time __t Temper__tL_re (h) : I Tr_ensfet _ Time (s): 8.3

Su.cessfJl: X Unsucessful:

Common t :

Shooter: Butt left in Die:

Break tht-u Pressure (ksi): 104

Runnin 9 Pres--u_'e (ksi): 73.5

Condition of Extrusion:

Sticker:

Punch Speed: 6.9 '
Time to Ext: .8

Length of Ext: 20.1

Condition of Die:

Nominel Ct-os --_Section: .8'-4 " (

Gene___ 1 Comments:
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liOl EXIRUSION DNI_ 5HLLI

(PFS-HotExtDS)

]ngineet-'s Name: GAYDOSH
• $

_'s ID: (SUMIT) A Char qe Number: YOG-1265

_eneral Type of Material: INTERMETALLIC

Iominal Composition: NI-36AL

ype of Billet: CANNED CASTING

;ize of Billet (inches) Diameter: 2

_roposed Extrusion

Conditions

Temperatut'e (F): 2192 F

Type of Die: ROUND

Punch Speed (inch/min): MAX

Special Conditions:

;afety Checks Leak Test: NA

Heat Test (2h 1500F): NA

Date:

Date:

Date Submitted: 8910113(

Date Completed: 89/0310E

Length: 5.5

Reduction Ratio: 16:1

_ctual Extr-usion

Conditions

:'ost Test Analysis

of Extrusion

Date: 89/03/08 Ext. ID: L-2484

Ct'e_.::

Temper-mture: 2192 F Reduction Ratio: 16:1

Type of Die Round: X Sh Bat_: Other': Angle: 90

Special Conditions:

Valve Selection

(X to specify)

1/8:

3.5: X

7/16: • Preset Punch Speed:

Valve Opening:

Side Ram: X

Main Ram:

Comb Ram:

Pressure (psi): 3150

Pressut-e (psi):

F'r-essure (psi) :

Max Tonnage: 340

Max Tonnage:

Max Tonnage:

Lubt_icant Container-: DYLON Graphite Papet-: X

Die: FORMKOTE

Dummy Thickness: 2 Carbon Thickness: 1.5

Container Mat: NU DIE V'Cont Temp (F): 600 Times Used: 269

Stem Material: o Stem ID: NEW Times Used: 269

Time at Temperature (h): 1.2 Transfer Time (s): 7.5

Sucessful: X

Comment :

Unsucessful :

Shooter-: Butt left in Die:

Break tht-u Pressure (ksi) : 129

Runnin 9 Pressure (ksi): 80

Condition of Extrusion:

Sticker':

Punch Speed: 6. 1 "/s

Time to Ext: .9 s

Length of Ext: 54.5 "

Condition of Die:

Nominal Cross Section: .56 " dia

General Comments:
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HOT EXTRUSION DATA SHEET

(PFS-HotExtDS)

Enginee_-'s blame: GAYDOSH

Er)9'=. _ ID: (SUMIT) B Charge_ Numbe_: YOG-I _6_,_

General Type c,f M_.tet_ial: INTERMETALLIC

Nominal Cc,mpositic, n: HI-55. gAL-O.2B

Type of Billet: CANNED CASTING
Size of Billet (inches) Diameter: 2

Proposed Extrusion

Conditions

Temperature (F): 2192 F

Type of Die: ROUND

Pt_nch Speed (inch/min): MAX

Special Conditions:

Safety Checks Leak Test: NA

Heat Test (2h 1500F) : NA

Date:

Date:

Date Submitted: 89/01

Date Completed: 89/03

Length: 5.5

Reduction Ratio: 16:1

Actual Extrusion

Conditions

Post Test Analysis

of E_trusion

Date: 89/03/08

Crew:

Temperature: 2192 F

Type of Die Round: X

Speciel Conditions:

Ext. ID: L-2485

Reduction Ratio: 16:1

Sh Bar: Other: Anqle: 90

Valve Selection

(X to specify)

i/8:

3.5: x
7/16: Preset F'unch Speed:

Valve Opening:

Side Ram: X

Main Ram:

Comb Ram:

Pressure (psi) : 3150

Pressure (psi) :

Pressure (psi) :

Max Tonnage: 340

Max Tonnaee:

Max Tonnase:

Lub_icant Container-: DYLON Graphite Paper: X

Die: FORMKOTE

DL_mmy Thickness: 2 Carbon Thickness: 1.5

Container Mat: NU DIE V'Cont Temp (F): 600 Times Used: 27

Stem Material: ? Stem ID: NEW Times Used: 27

Time at Temperature (h): 1.25 Tt_ansfer Time <s): 8.1

Sucessful: X

Comment:

Unsucessful :

Shooter: Butt left in Die:

Break tht_u Pressure (ksi) : 132

RLLnnin 9 F'ressut_e (ksi) : 89

Condition of E::trusion:

Sticker-:

Punch Speed: 6. 1 "

Time to Ext: 0.9

Lenqth of Ext: 57 "

Condition of Die:

Nominal Cross Section: .57 " di

General Comments:
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IiLt i L ,', [ _ ',LIL_, i di I L'_ i I I _ ,Jl ILL. I

(PFS-Ho tE'.:tDS )

Engineec's Name: GAYDOSH

E_.._'s ID: (SUMIT) C Ch_'r_e Number: YOG-1265

General Type of Mater-ial: INTERMETALLIC

Nomin_l Compo__ition: NI-29. gFE-20. 1AL-O.2B

Type of Billet: CANNED CASTING

Size of Billet (inches) Diemeter: 2

F'_-opo__ed E:.'tcus ion
Conditions

Temperature (F): 2192 F

Type of Die: ROUND

Punch Speed (inch/min): MAX

Special Conditions:

Safety Checks
-

Leak Test: NA

Heat Test (2h 150OF) : NA

Date:

Dmte:

Date Submitted: 89/01/3_

Date Completed: 89/03/0 _

Lensth: 5.5

Reduction Ratio: 16:1

Actual Extr-usion

Conditions

Post Te=t Analysis
oT Extrusion

Date: 89/03/08

Ccew :

Temperature: 2192 F

Type of Die Round: X

Special Conditions:

E:'t. ID: L-2486

Reduction Ratio: 16:1

Sh Bat-: Other: Ansle: 90

Valve Selection

(X to specify)

1/8:

3.5: X

7/16: Preset Punch Speed:

Valve Opening:

Side Ram: X

Main Ram:

Comb R__m:

Pressure (psi) : 3150

Pressure (psi) :

Pressure (psi):

Ma:.: Tonnage: 340

r'la :.,, Tonna.ge :

Me'-: Tonnase:

Lub_-icant Container: DYLON Gf-ephite P__per: X

Die: FORMKOTE

Dummy Thickness: 2 Carbon Thickness: 1.5

Conteine_- M_=t: NU DIE V'Cont Temp (F): 600 Times Used: 271

Stem Material: ? Stem ID: NEW Times Used: 271

Time at Tempe__=ture (h) : !.4 Trensfer Time (s) : 6.9

Sucessful: X

Comment :

Unsucess fu 1 :

Shooter: Butt left in Die:

Break thru F'ressut-e (ksi): 110

Runnin 9 Pressure (ksi): 73.5

Condition of Extrusion:

Sticker:

Punch Speed: 6.9 "/s

Time to E::t: .8 s

Lenqth of Ext: 63.5

Condition of Die:

Nominal Cross Section: .u.-, dia

Generel Comments:
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APPENDIX II

Preliminary experiments in comparing the long range order (LRO) of Ni-30A1-20Fe

in the as-extruded and annealed state by comparing the integrated intensities of { 100} and

{200} reflections were unsuccessful, primarily due to the difficulty in synthesizing strain

free powder from the extrusions. Due to the high compressive ductility of these alloys, the

powders synthesized by filing the extrusions were strained; x-ray diffraction of these

powders indicated peak broadening. By contrast, when annealed at 500°C, x-ray

diffraction indicated that the powders were relatively-strain free. It was difficult to compare

the LRO of powders that were strained in one case and strain free in the other. To

circumvent this difficulty, rapidly solidifed powders of the alloy were obtained from NASA

Lewis Research Center. These powders were examined in both as-received state and after

annealing at 500°C for 200 min. The intensities were measured using a long counting time

(50-200s) and a small step size (0.032°), the latter corresponding to the slit size (0.2mm)

used at the detector. Repeat experiments were conducted to determine the average ratio of

intensities of the { 100} superlattice to {200} fundamental peaks. The experiments were

also conducted using both CuKct and CuK[_ radiation. The results are summarized below:

Radiation

As-received powder

500°C-annealed powder

Ratio of { 100} to {200} peaks

CuKa CuKfl

0.34

0.27

0.36

0.323_+0.047

0.316

0.268

0.313

0.299_+0.027

0.33

0.33

0.32

0.327+0.006

0.29
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The results indicate that the ratio of superlattice to fundamental peaks are independent of the

annealing treatment. Since any changes in LRO should result in a change in the ratio of

superlattice to fundamental peak intensities, the results also indicate that the LRO of Ni-

30A1-20Fe does not change significantly upon annealing at 500°C.

Example intensity-2theta plots of as-received Ni-30A1-20Fe powder and those

annealed at 500°C are presented in this section (radiation used being CuKt_). Note that, in

both cases, the { 100} peaks are plotted in the angular range 29.5-32.5 ° while the

fundamental {200} peak is plotted in the angular range 63.0-66.0 ° . Interestingly, for the

powder annealed at 500°C, the {200} peak shows evidence of peak splitting, which is

absent in the as-received powder. Since the microstructure of the alloy after 500°C-anneal

is known to be _+_', the two peaks could be ascribed one each to the 13' (ordered b.c.c)

and 13(b.c.c) phases. Also, the { 100} peak shows no evidence of peak splitting since no

{ 100} peak is expected from a 13phase.

It should also be noted that for a given powder, the ratio of integrated intensities is

dependent upon the radiation used. This is not surprising since the scattering factors of

atoms are dependent upon the radiation used. For a given radiation, the closer the radiation

is to the K absorption edge of a constituent element, the weaker the scattering from that

particular atom for that particular radiation. Interestingly, the ratios of { 100} to {200}

peaks obtained using CuK_ radiation also indicate that no significant differences in LRO

exist between the two states.
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